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I. FOREWORD

The attractive physical and mechanical properties that can be obtained with metal matrix
composites (MMCs), such as high specific modulus, strength, and thermal stability have

been documented extensively [1-7]. MMCs combine metallic properties (ductility and
toughness) with ceramic properties (high strength and high modulus) leading to greater

strength in shear and compression and higher service temperature capabilities. Interest in
MMCs for aerospace, automotive and other structural applications has increased over the
last five years, as a result of availability of relatively inexpensive reinforcements, and the

development of various processing routes which result in reproducible microstructures
and properties [8]. In aerospace applications, for example, reductions in structural weight
can be effected, not only by reducing the alloy density, but also by increasing its

modulus. For example, a 50 percent increase in modulus, achieved by substituting a
discontinuous silicon carbide reinforced aluminum alloy for an unreinforced wrought

counterpart, resulted in a 10 percent reduction in weight [9].

Reinforcement materials include carbides (e.g., SiC, B4C), nitrides (e.g., Si 3 N4 , A1N),

oxides (e.g., A120 3, SiO2 ), as well as elemental materials (e.g., C, Si). The
reinforcements may be in the form of continuous fibers, chopped fibers, whiskers,

platelets, or particulates. SiC, for example, is being used in aluminum and magnesium

MMCs in all of the above mentioned forms and carbon and silicon fibers are being used
in aluminum-, magnesium-, and copper-matrix composites [10].

Early studies on MMCs addressed the development and behavior of continuous fiber
reinforced high performance hybrid materials, based on aluminum and titanium matrices

[11, 12]. Unfortunately, and despite encouraging results, extensive industrial application

of these composites has been hindered by high manufacturing costs associated with the
high costs of the reinforcement fibers and highly labor intensive manufacturing processes.

As a result, utilization of these materials has been limited, almost exclusively, to military

and other highly specialized applications.

The family of discontinuously reinforced MMCs includes those with particulate, whisker,

and chopped fiber reinforcements. Recently, this class of MMCs has attracted

considerable attention as a result of: (a) availability of various types of reinforcements at

competitive costs, (b) the successful development of manufacturing processes to produce

MMCs with reproducible structures and properties, and (c) the availability of standard or
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near standard metal working methods which can be utilized to form these MMCs [13].
Moreover, the problems associated with fabrication of continuously reinforced MMCs,

such as: (a) fiber damage, (b) microstructural non-uniformity, (c) fiber to fiber contact,
and (d) extensive interfacial reactions can be avoided with discontinuous reinforcements

[14]. In applications not requiring extreme loading or thermal conditions, such as in

automotive components, discontinuously reinforced MMCs have been demonstrated to

offer essentially isotropic properties with substantial improvements in strength and

stiffness, relative to those available with unreinforced materials [ 15-19].

A variety of processing techniques have evolved over the last two decades in an effort to

optimize the structure and properties of particulate reinforced MMCs. The processing

methods utilized to manufacture particulate reinforced MMCs can be grouped depending

on the temperature of the metallic matrix during processing. Accordingly, the processes
can be classified into three categories: (a) liquid phase processes, (b) solid phase

processes, and (c) two phase (solid/liquid) processes. Liquid phase processes involve the

casting of a mixture of liquid- matrix and ceramic particulates. These include the DURAL
process [11, 20] and melt infiltration processes [21-25]. Solid phase processes include

powder metallurgy (PM) (blending and consolidation of alloy matrix powders with

reinforcing particulates) techniques [11, 26]. Two phase (solid/liquid) processes include

rheocasting [29, 30], and spray atomization and deposition processes [31-38]. Although
liquid phase processes and solid phase processes have been carried out to various degrees

of success, there is ample experimental evidence suggesting that there are some
important drawbacks [22, 27, 28]. More reccatly, two phase techniques, in particular,

spray deposition processes, have received considerable attention for the synthesis of
discontinuously reinforced MMCs. This particular processing methodology involves the

mixing of the reinforcements and the matrix in a regime of the phase diagram where the

matrix contains both solid and liquid phases. It would appear that such an approach will
inherently avoid the extreme thermal excursions, with concomitant degradation in

interfacial properties and extensive macrosegregation, normally associated with casting
processes. Furthermore, this approach also eliminates the need to handle fine reactive
particulates, as is necessary with powder metallurgical processes.

The objectives of the present three year research program were threefold. First the
program sought to explore the potential of using spray atomization and deposition to

process aluminum metal matrix composites, not only with improved mechanical

properties, but also with specifications suitable for applications of interest to the Army;



these applications include light weight armor vehicles, helicopter engines and other

structural components. Second, the research program sought to develop an in-depth

understanding of the various physical phenomena that occur during spray atomization and

deposition of aluminum metal matrix composites. Third, the program sought to provide

insight the fundamental mechanisms governing the elevated temperature deformation

behavior, not only of metal matrix composites processed by spray atomization and

deposition, but also of metal matrix composites in general. Accordingly, the present final

report has been divided into six sections. The first section describes the spray

atomization and deposition processing of unreinforced Al-Li base alloys with special

emphasis on the role of thermomechanical processing and microstructure on mechanical
properties. The second section provides insight into the factors that govern particulate

injection during spray atomization and deposition of metal matrix composites. In second

section, particular emphasis is placed on the resultant distribution of ceramic particulates

in the metal matrix. The third section addresses heat transfer effects derived from the

injection of particulates into an atomized metal stream, and the ensuing effects on the

resulting grain size in metal matrix composites. The fourth section involves a detailed

characterization of the metal/ceramic interfacial region, with particular emphasis on the

segregation of constituent elements and wettability during processing. The fifth section

involves a comprehensive study of the application of spray atomization and co-deposition

to the synthesis of elevated temperature Al alloys. Accordingly, microstructural stability,

phase analysis, excess solid solubility and mechanical properties are addressed. Finally,

the sixth section involves a detailed investigation of the elevated temperature mechanical

behavior of MMCs.

In order to present the research results in a coherent manner, each section contains its

own set of figures, tables, and conclusions. The references are listed at the end of the

report.
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CHAPTER 1

1.0 Spray Atomization and Deposition Processing of Two AI-Li-X-Zr (X = Cu, Mg

and Ge) Alloys
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1.1 Introduction

The critical need for structural materials to be both cost-effective and superior in

performance, coupled with an increased emphasis on efficiency and Aeliability, has

stimulated considerable widespread interest in the development of new aluminum alloys.

These alloys could potentially provide excellent combinations of reduced density, high

strength, good fracture toughness, resistance to exfoliation corrosion, resistance to stress

corrosion cracking, improved thermal stability and better stiffness. The family of

lithium-containing aluminum alloys have, in recent years, received much attention for use

in weight-critical and stiffness-critical structures for military, space and commercial

applications as a result of their low density, improved specific strength, and high

stiffness-to-weight ratio [39-41]. Lithium additions in aluminum result in the greatest

reduction in density and increase in elastic modulus of any known alloying element. The

potential to reduce the density of aluminum alloys through lithium additions is evident by

comparing the atomic weight of lithium (6.94 g/mol) with that of aluminum (26.98

g/mol). In fact, each one percent increment of lithium addition to an aluminum alloy

decreases the density by about three percent and increases the elastic modulus by six

percent [40, 41]. The potential for substantial weight savings in aircraft structural parts,

in combination with the substantial solubility of lithium in molten aluminum has resulted

in the development of numerous aluminum-lithium alloys.

Unfortunately, the beneficial effects associated with lithium additions are accompanied

by a reduction in monotonic ductility and fracture toughness in alloys which are solution

heat treated, quenched, and aged to peak strength [40-44], making these alloys unsuitable

for many structural applications. Over the past decade, considerable research efforts have

been directed towards improving the poor ductility and fracture behavior of aluminum-

lithium alloys. Some of the approaches taken for improving toughness in Al-Li-X alloys

involve: (1) encouraging dislocation cross-slip or precipitate bypassing in the alloy by

modifications of the lattice parameters to increase mismatch in the ctAI/Al3Li system, (2)

introducing secondary precipitation systems, and (3) using a dispersion hardening system

in addition to the precipitation hardening system. Other approaches taken include grain

refinements via additions of Mn, Zr, Co and minimization of tramp elements (K, Na and

S) through alloy control [401.

With the advent of rapid solidification technology (RST), rapid quenching was sought as

the solution to improving the low fracture toughness and inferior monotonic ductility of
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the lithium containing aluminum alloys. Rapid solidification technology offers several

advantages over ingot metallurgy (IM) methods when used for the manufacture of
lightweight aluminum-lithium alloys [45].

Although significant progress was achieved towards improving the mechanical behavior

of aluminum-lithium alloys using RST, this approach introduced another problem,

namely that of oxide contamination. The large surface areas generated by RST

techniques, in combination with the stability of the aluminum oxide (i.e., A120 3), made it

impossible to completely eliminate oxides from consolidated RST materials; instead it
was a matter of the amount of oxide one could tolerate. The oxide is usually present as

an amorphous A12 0 3/A120 3 3H2 0 film with small amounts of MgO crystallites

surrounded by physically adsorbed H20/0 2. The thickness of the oxide film can vary
from 5 nm up to 100 nm, depending on particulate size and processing history [46, 47].

Hence, it is usually necessary to remove adsorbed gas and hydrated water from the

surface of the particulates prior to consolidation in order to achieve full density; this is

usually accomplished by a degassing step. The presence of oxidation products in the

form of either oxides, or physically adsorbed water, is highly detrimental to the
mechanical behavior of consolidated RST materials.

The properties of high strength aluminum alloys consolidated from fine RST particulates

are strongly affected by the presence of oxides on prior particle boundaries [40, 46-49].

Gysler et al [48] observed early crack nucleation at almost continuous oxide films along

prior flake boundaries in consolidated Al-Li-Cu alloys. The large oxide particles were

thought to dominate the crack nucleation process, and therefore the ductility of the RST

materials. Kang and Grant [49], reported a sharp decrease in the fracture toughness of a
consolidated RST X2020 alloy when compared to that of the equivalent IM material, and

attributed this observation to a high volume fraction of oxide phases. The detrimental

effects of oxides on mechanical behavior are particularly noticeable in aluminum-lithium

alloys as a result of the high reactiJity of lithium.

The excessive high temperature reactivity of aluminum-lithium alloys results in the

formation of non-protective, porous surface films; lithium depletion; and intergranular

oxidation in moist oxygen-containing environments [50-52]. It has been shown, for
example, that the oxidation rate of aluminum alloys containing 3 wt.% lithium is ten

times faster than that of comparable magnesium containing alloys [53]. Ashton and co-



7

workers [51] attributed the enhanced oxidation kinetics of aluminum-lithium alloys to the

formation of a non-protective, porous AILiO 2 film.

In an effort to control the oxide contamination problem associated with fine RST

particulates and to improve the mechanical behavior of aluminum-lithium alloys, various

approaches are actively being studied. These include (i) refining conventional ingot

casting practices, (ii) increasing secondary alloying additions, (iii) developing alternative

thermomechanical processing treatments, and (iv) developing novel RST processes. Two

RST processing approaches actively being studied are mechanical alloying [54, 55] and

spray atomization and deposition [37, 38, 56, 57].

Mechanical alloying improves strain localization and avoids the precipitate free zones

frequently associated with aluminum-lithium alloys by introducing fine, homogeneously

distributed dispersoids that interact directly with dislocations, dispersing slip and

inhibiting the formation of intense slip bands. Donachie and Gilman [541 and later

Gilman, Books and Bridges [55] successfully incorporated 5 volume percent of

aluminum oxide and carbide dispersoids into Al - 2.5Li - 2Cu and Al - 2.5Li - 1Mg (in

wt.%) powders by mechanical alloying (MA). The mechanical properties of the MA

materials were reported to be superior to those of the equivalent IM material. The MA

alloy, for example, showed an elongation of 7% (compared to 2% for the IM alloy) at

superior strength levels. Donachie and Gilman [54] significantly improved the toughness

of a MA Al-Mg-Li alloy by varying the powder processing parameters and vacuum

consolidation temperatures. The KQ value was increased from 21.8 MPa M1/2 to 29.6

MPa m 1/2 at a yield strength of 483 MPa.

In spray atomization and deposition a stream of molten metal is disintegrated into a fine

dispersion of droplets using high energy inert gases. The resultant distribution of metallic

droplets is directed towards a substrate surface where it impacts and builds into a deposit

of predetermined thickness. A large proportion of the latent heat of fusion is dissipated

during flight, hence the distribution of droplets contain both liquid and solid phases at

impact. A review on spray atomization and deposition of metals and alloys can be found

elsewhere [58]. Spray atomization and deposition processes would appear to offer some

of the advantages of RST while minimizing the oxidation problem, and early results are

encouraging. In studies on high strength aluminum alloys containing 1.55 and 1.74 wt.%

Li, improvements in room temperature tensile ductility and fatigue crack growth rates at

equivalent strength levels have been reported [58]. The crack growth rates measured for



the spray deposited material were significantly retarded when compared to those for IM
2024 and PM X2020, up to a strcss intensity level AK = 17 MP- n1t2.

Meschter and co-vorkers [59-61] reported significant improvements in the notched

tensile behavior of spray atomized and deposited Al - 4Li - lCu - 0.2Zr (in wt.%) over

that shown by the same PM alloy (aNTS/GYS = 0.64 vs 0.18; T8 temper). Finally, the

addition of 1 wt.% Li to an experimental 2024 alloy processed by spray atomization and
deposition resulted in excellent combinations of strength, tensile ductility, and notched

strength (ruTs = 513 MPa; ays = 363 MPa; elongation = 16.4%; YNTS/yys = 1.44; [58]).

The objective of the present study is to provide preliminary results on the structure and

mechanical properties of two spray atomized and deposited aluminum-lithium alloys (Al

- 2.5Cu - 2.lLi - 0.13Zr and Al - 4Li - 1Mg - 0.5Ge - 0.2Zr). In particular, this study

seeks to enhance our understanding of the effects of heat transfer and solidification

during processing on the resultant structures and properties. The selection of the Al - 4Li
- 1Mg - 0.5Ge - 0.2Zr material was prompted by the attractive combinations of properties

reported by Meschter and co-workers [59-61] for high lithium containing materials. The

addition of Ge was based on the results of Cassada, Shiftlet, and Starke [62]. Their work

indicates that Ge additions form fine, insoluble particles that may help disperse slip

during plastic deformation. The Al - 2.5Cu - 2.1Li - 0.13Zr alloy was selected in order to

gain some insight into the type and extent of precipitation reactions during spray

atomization and deposition. This alloy composition has been extensively studied by other

investigators [40].

1.2 Experimental Procedure

Reynolds Metals Company provided the aluminum-lithium master alloys as cast ingots,

100 mm x 200 mm x 600 mm. The ingots were inspected for major defects, and

chemically analyzed in preparation for atomization. The chemical analysi:, of the remelt

alloys are shown in Table 1.
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Table 1. Chemical Analysis of Alloys.

Alloy Desinto Li Cu Mg Q Zr Al
A 4.00 -- 1.00 0.50 0.20 bal.

BI 2.13 2.50 -- -- 0.13 bal.

1This alloy is produced comnmercially by Reynolds Co., Va.

1.2.1 Spray Atomnization and Deposition Experiments

A schematic diagram of the experimental facility used in this investigation is shown in

Figure 1.

Inert gas melt 0Induction Heating

0 0

0 0

0 0

0 0 @0

Spray Deposited
material

Deposition Sustrate

KAT

Figure 1. Schematic diagram of experimental apparatus.
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The experimental set up shown schematically in Figure 1 incorporates pneumatic control

of the deposition surface. This allows for simultaneous horizontal and vertical translation

of the deposition surface at various translational velocities. More extensive details on the

experimental apparatus and processing variables used in this study can be found

elsewhere [63].

Three experiments were conducted for this study; the values of the primary experimental

variables used during each experiment are listed in Table 2.

Table 2. Experimental Variables used in Study.

Variable Experiment Number

2 3

Alloy Designation1  A A B

Charge Weight (gm) 1440 1443 1605

Atomization Time 36 s 33 s 45 s

Atomization Pressure 1.38 MPa 1.80 MPa 1.38 MPa

Atomization Gas Nitrogen Argon Argon

Backfill Gas Argon Argon Argon

Flight Distance 0.41 m 0.41 m 0.46 m

Pouring Temperature 848 °C 840 °C 800 0 C

Metal Delivery Tube

Diameter 3.30 mm 3.30 mm 2.79 mm

Atomization Nozzle

Pressure condition 2  - 12.4 KPa -13.8 KPa -11.0 KPa

I See Table 1.
2Negative values indicate aspiration of the metal during atomization.

1.2.2 Powder Sizes and Characterization

In order to study the size and spatial distribution of the powders during spray atomization

and deposition, a fourth experiment was conducted utilizing experimental conditions

identical to those used in experiment 3. In this experiment, the deposition surface was

replaced by 18 oil filled test tubes designed to intercept powders during flight. In order to
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obtain information from the entire spray, the test tubes were arranged radially inside of

the chamber and positioned at incremental distances. The powders collected in the test

tubes were subsequently analyzed, and a size distribution was established as a function of

radial distance from the center. In addition, a complete size distribution analysis of

overspray powders was made based on experiments 1-3. The powder size distribution

analyses were accomplished utilizing sieve analysis in accordance with ASTM standard

B214 and MPIF standard 5.

1.2.3 Thermomechanical Processing

The as-spray deposited material from experiment I was subsequently hot rolled at 375-

400 0C to a 33% reduction in thickness; the rolling step was followed by hot isostatic

pressing (HIP) at 350 °C and 96.53 MPa for 120 minutes. The as-spray deposited

material from experiment 2 was hot isostatically pressed at 350 °C and 96.53 MPa for

120 minutes; no rolling was conducted on this material. The as-spray deposited material

from experiment 3 was hot rolled at 300 °C to a 50% reduction in thickness.

1.2.4 Optical Microscopy

Optical microscopy was conducted on polished and etched samples taken at various

stages throughout the thermomechanical sequence. Conventional metallography

preparation techniques were used; etching was accomplished using Keller's reagent.

Optical microscopy was conducted to study grain morphology, porosity, and the

distribution of secondary phases.

1.2.5 Scanning Electron Microscopy (SEM)

SEM studies were conducted using a HITACHI S-500 microscope. The polished and

etched samples from experiments 1-3 were examined in secondary electron mode for

microstructural details such as distribution, type, and morphology of porosity, as well as

the presence of secondary phases. Point analyses were carried out at selected areas on

samples from experiment 3 to assess the chemical homogeneity of copper, the major

alloying addition in this material.
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1.2.6 Transmission Electron Microscopy

Transmission Electron Microscopy was performed on a JEOL 100 C at an operating

voltage of 100 kV on samples from experiment 3. The samples were prepared both froi.,
as-spray deposited and as-spray deposited and hot rolled (300 0C) conditions. The hot

rolled samples were solutionized at 550 0C for 1 hr, quenched in water, and aged at 190
0C for 18 hrs. Standard TEM samples were prepared by electrothinning in a solution of

2/3 CH 3OH and 1/3 HNO3 cooled to -20 0C using the window technique.

1.2.7 Differential Scanning Calorimetry (DSC)

DSC analyses were conducted on the Al-Cu-Li-Zr material from experiment 3. Samples
were taken from the as received ingot metallurgy material, as-spray deposited material,

and a powder sample of < 45 pim size range; the latter was obtained from fine overspray
powders. The analysis was performed on an omnitherm base with a DuPont cell, and
carried out over a temperature range of 25 0C to 500 0C with a heating rate of 10 deg/min

in a nitrogen purge. The data were plotted in terms of heat flow and temperature. The

objective of the DSC analyses was to characterize the type and extent of precipitation
reactions during spray atomization and deposition.

1.2.8 X-Ray Diffraction (X.R.D.)

X-ray diffraction analysis was conducted on spray deposited samples from experiment 3
to gain some insight into the precipitated phases. Thin samples were exposed to Cu Ka

radiation (X=1.5418 A') using a scanning speed of 2 deg/min. A plot of intensity vs 20

was obtained, illustrating peaks at different Bragg angles. The Bragg angles

corresponding to different peaks were noted and the value of 'd' was calculated from
Bragg's law (), = 2d sin0). The values of interplanar spacings obtained were then

matched with the standard interplanar spacings corresponding to aluminum and other

secondary phases.

1.2.9 Mechanical Testing

Tensile properties at room temperature were determined after thermomechanical

processing and heat treatment. Smooth bar tensile and notch tensile properties were

determined according to ASTM E8-81 and ASTM E602-81, respectively. An Instron
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testing machine was used with a constant crosshead speed of 0.254 mm per minute. The
notch root radius of the notch tensile samples was 0.0254 + 0.127 mm. Samples from

experiment 1 and 2 were heat treated by solutionizing the materials at 588 0C for lhr,

followed by water quenching and artificial aging at 200 °C for 9 hrs. The aging

conditions corresponded to peak hardness; they were determined by conducting hardness

tests on samples aged for various time intervals, at 200 °C. Tensile and notched tensile

specimens were machined from hot rolled + HIP'ed and HIP'ed materials from

experiments 1 and 2, respectively.

1.3 Results

1.3.1 Powder Sizes and Characterization

The results of the powder size characterization experiments are shown in Figure 2. In this

figure, the size distribution of overspray powders is compared to that obtained from the
atomization experiment in the absence of a deposition substrate (experiment 4); both

experiments were conducted utilizing identical processing parameters and alloy
composition. Hence, comparison of both size distributions gives some insight into the
actual distribution of powders that is collected on the deposition surface. In addition, the

mass distribution of powders determined from experiment 4, is shown in Figure 3 as a

function of radial distance.
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Figure 2. Powder size distribution determined from experiment 3; comparison of

overspray powders with size distribution obtained from atomization.
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Figure 3. Mass distribution of powders as a function of radial location. The data

shown in this figure were collected from oil filled test tubes placed at a

flight distance of 0.41 m (experiment 4).

1.3.2 Optical Microscopy

Optical microscopy was conducted on materials obtained from experiments 1-3. The

microstructure of the hot rolled and HIP'ed Al-Li-Mg-Ge-Zr alloy obtained from

experiment 1 is shown in Figure 4. This micrograph was taken from a section parallel to

the rolling direction; it reveals mostly equiaxed grains with relatively low aspect ratio.

The absence of an elongated grain morphology can be attributed to the HIP'ing step that

followed hot rolling. Figure 5 shows the as-spray deposited microstructure of the AI-Cu-

Li-Zr alloy obtained from experiment 3. The microstructure of the materials obtained

from all three experiments exhibited an equiaxed grain morphology, with average grain

sizes of 22.9 pm, 22.0 pm and 68.0 pm for experiments 1-3, respectively. This grain

morphology has also been reported by other investigators [63-66].



15

~' ~ A

4~ t 4

n'.N

'4V *,A X

F 4&

It.k

Figure 4. Optical micrograph showing the microstructure of the rolled and HI~ed

Al-Li-Mg-Ge-Zr material from experiment 1.

Figure 5. Optical micrograph showing the as-spray deposited Al-Cu-Li-Zr

microstructure from experiment 3.
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1.3.3 SEM/EDAX Analysis.

Scanning electron microscopy of samples removed from the edge portion of the as-spray
deposited material from experiment 1 revealed the presence of a finite amount of non-
interconnected porosity (see Figure 6). The micron sized pores were preferentially
located at the grain boundaries and exhibited a near elliptical morphology. The

distribution of pores in the microstructure was found to be bimodal, with a large
proportion of pores in the 1-2 pm and 10 .m size ranges; the volume fraction of porosity
was estimated to be approximately 8% throughout the sample. SEM studies of the spray

deposited and HIP'ed material from experiment 2 revealed the presence of a low volume
fraction of porosity as compared to that present in the as-spray deposited material (see
Figure 7). In contrast, the microstructure of the hot rolled and HIP'ed material from

experiment 1 was close to full density (see Figure 8). EDAX Cu mapping was conducted
on samples of the Al-Cu-Li-Zr alloy from experiment 3 in order to determine the spatial
concentration of Cu, the major alloying element. A representative Cu map revealing a
homogeneous distribution of Cu throughout the matrix is shown in Figure 9; point
analysis of the grain boundary region was compared to that obtained from the center of

the grains, confirming these results.

Figure 6. SEM micrograph showing size, location, and morphology of porosity in

as-spray deposited Al-Li-Mg-Ge-Zr microstructure from experiment 1.
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Figure 7. SEM micrograph showing size, location, and morphology of porosity in

the HIP'ed Al-Li-Mg-Ge-Zr material from experiment 2.

Figure 8. SEM micrograph obtained from rolled and HIP'ed Al-Li-Mg-Ge-Zr

material from experiment 1; minimal porosity was evident in this material.
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Figure 9. EDAX Cu map showing uniform Cu distribution on as-spray deposited

microstructure from experiment 3.

1.3.4 TEM

Transmission electron microscopy studies were conducted on samples of the Al-Cu-Li-Zr

alloy from experiment 3 in the as-spray deposited; and in the as-spray deposited, hot

rolled and artificially aged conditions. A representative view of the as-spray deposited

microstructure is shown in Figure 10. This figure shows the presence of fine grain

boundary precipitates with needle-like morphology; spheroidal precipitates can also be

observed throughout the matrix. In view of the chemical composition of the alloy, the

needle-like precipitates are most likely the precursor of the T1 (AI2CuLi) phase; these

precipitates form as thin hexagonal platelets on the ( 111 matrix planes as discussed by

Noble and Thompson [67]. From the work of Lavernia, Srivatsan, and Mohamed [40],

the matrix precipitates are anticipated to be a combination of 8' (A13Li), 8 (AILi), [Y

(AI3Zr), and the composite Al 3 (Li,Zr) phases.
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Figure 10. TEM micrograph of the Al-Cu -Li-Zr as-spray deposited microstructure

from experiment 3.
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Figure 11. TEM micrograph of the spray deposited, hot rolled and heat treated Al-

Cu-Li-Zr microstructure from experiment 3.
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TEM analysis of the Al-Cu-Li-Zr alloy in the as-spray deposited, hot rolled and

artificially aged condition revealed extensive T1 precipitation at the grain boundaries and

throughout the matrix. In addition, the presence of the 5 phase was also detected; this
phase can readily be discerned in Figure 11 as a coarse spherical grain boundary

precipitate. The equilibrium 6 phase has a cubic superlattice B32 structure of the NaTl

type with a lattice parameter of 6.37 A' [68]. In view of the relatively large a:8 misfit,

the change in lithium concentration, and a different crystal structure, heterogeneous

nucleation of the 6 precipitates is to be expected to occur at grain boundaries. There is,

however, some disagreement as to the exact nucleation mechanism [40].

1.3.5 X-Ray Diffraction

X-ray diffraction analysis of Al-Cu-Li-Zr samples from experiment 3 in the as-spray

deposited condition revealed two primary diffraction peaks with lattice spacings

corresponding to those of the ox Al matrix and the T1 phase (see Table 3). The observed

peaks were diffuse, confirming the presence of the T1 phase, as discussed by Rioja and

Ludwiczak [69].

Table 3. Diffraction Angle and Corresponding Interplanar Spacing

Obtained From As-Spray Deposited Samples.

20 (degrees) d (A0 )

38.4 2.3421

44.8 2.0250

65.0 1.4366

78.4 1.2187

82.6 1.1670

1.3.6 DSC

Differential scanning calorimetry was utilized in this study to gain insight into the

precipitation phenomena occurring during spray deposition. In addition, the DSC curves

obtained from the as-spray deposited alloy (from experiment 3) were compared to those

obtained from ingot metallurgy and powder metallurgy (< 45 .im) materials. The



21

thermograms shown in Figure 12 reveal an increase in the precipitation kinetics of the as-

spray deposited and powder metallurgy material as compared to those obtained from the

ingot metallurgy material. The primary endotherms occur at approximately 174-262 'C

and 352-374 °C for the as-spray deposited material; at approximately 166-218 °C, 220-

262 C, and 376-449 C for the ingot metallurgy material; and at about 210-270 °C, 284-

321 C and 462 °C for the atomized powders.
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Figure 12. DSC results from ingot, powders, and as-spray deposited Al-Cu-Li-Zr

alloy from experiment 3.

1.3.7 Mechanical Behavior

The results of the room temperature mechanical tests are shown in Table 4. The aging

curve corresponding to peak hardness for alloy A (see Table 1) is shown in Figure 13. In

order to study the fracture toughness behavior of the Al-Li-Mg-Ge-Zr alloy, notched

tensile tests were conducted at room temperature. According to Grant, Kang and Wang

[701 and Kang and Grant [491, notch tensile tests can be performed as a fast and



inexpensive measure of fracture toughness. Specimens fracture without macroyielding

due to the constraint of the material at the notch tip. The notch tensile fracture stress is

compared to the yield strength of the smooth bar tensile test as an estimate of alloy

toughness. Values for the plane strain fracture toughness, KIc, were calculated from the

relation:

KIC 5 = c -y6 - c b (5y 5 - d 0Yy 4 Kic + e ay 2 KIC3  (1)

where c = (7t D) 5/2 / a; d = 4 (7t D)2; e = 4 7t D;

and a is defined by:

ay = a (oynL / 0Ty) + b (2)

where a and b are the slope and y intercept, respectively, of 5y = f((,, / ay). The values

for a and b in Eqn. (2) can be extrapolated from the data of Kang and Grant [49] as 275.8

MPa and 696.4 MPa, respectively. Hence, frc ,.,,,is. (1) and (2), one can estimate KQ

as approximately 40 MPa m 12 (see- T," 4).
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Figure 13. Artificial aging curve corresponding to peak hardness in At-Li-Mg-Ge-Zr

alloy. The material was solution heat treated at 588 'C for one hour, water

quenched and aged at 200 °C.
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Table 4. Room Temperature Mechanical Properties.

Alloy' Condition Y Y UTs  El. R.A. aNTS  aNTSy aY/p 2  KQ

(MPa) (MPa) (%) (%) (MPa) - (MPa cm 3/g) (MPa m 1/2 )

A3  HIP'ed + 214 351 5.3 5.0 322 1.5 90.3 40
aged to peak
har ness

* 3  Hot rolled 326 443 9.6 8.8 - - 137.5
+ HIP'ed +
aged to peak
hardnes, .

* PM + 430 487 6.4 - - 181.4
forged/rolled
+ peak aged

X20205PM 622 649 5.0 - - 0.8 2376 12.0
T6 temper

80907 IM sheet 340 425 5.0 - 4448 1.3 133.9 60
in T6 temper

20919 IM sheet 310 420 14.0 - 3558 1.14 120.6 120
in T8 temper

I See Table 1.
2 . 3

Computation was based on a density of 2.37 g/cm
3 Values represent average of two tests.
4 Reference [611
5 Reference [70]
6 3

Computation was based on a density of 2.623 g/cm
7 Data reported by ALCAN, Co.
8 Unpublished data.
9 Data reported by Cegedur Pechiney, Co.

1,3.8 Numerical Model

Recently, various investigators have modeled the various solidification and heat transfer

phenomena during atomization [38, 71-731. In the present investigation, we applied the
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model developed by Lavernia and co-workers, [72] to the experimental conditions used in

the present study; the results are shown in Figure 14.

The main assumptions involved in the development of the model are as follows:

(1) The atomization of the molten metal stream by the high velocity inert gas jets

takes place instantaneously upon impact. At this moment, the droplet size distribution is

established.

(2) The high surface tension characteristic of metallic melts causes the droplets to

become spherical in shape within 10-5 seconds from the moment the gas impacts the

metal [74].

(3) The spray of droplets travels continuously during atomization in a predictable

pattern due to the combined effects of gas drag and gravity; collisions between droplets

are neglected.

(4) The heat content of the droplets is dissipated by the action of a heat transfer

coefficient at the droplet-gas interface.

(5) The heat transfer coefficient is calculated from established correlations for a

single sphere in relative motion with respect to the surrounding fluid. Because of the

very high gas velocities involved, radiation heat losses are neglected.

(6) A lumped parameter model which neglects temperature gradients across the

droplet thickness is used to compute thermal histories.

(7) The formation of the solid from the melt begins once the nucleation

temperature is reached. The degree of undercooling assumed in the calculations was

small enough so that the nucleation temperature always remained between the solidus and

liquidus temperatures of the alloys. In the undercooled droplets, recalescence was

assumed to take place within a time interval at least one order of magnitude smaller than

the typical time step used in the heat transfer calculations.

For the experimental conditions utilized in experiment 3, the numerical model predicts, as

shown in Figure 14, that at the moment of impact the droplet distribution is comprised of
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solid powders (d 16 
= 23 gtm, f, = 1), droplets with some proportion of liquid phase (d84 =

275 gam, fl> 90%), and a substantial fraction of powders in the mushy state (d50 = 84 p.m,

fj = 30%). In experiment 2, the gas atomization pressure was increased to 1.80 MPa.
Numerical analysis shows that an increase in gas atomization pressure alters the thermal

and solidification conditions at the moment of impact with the substrate. For the

conditicns utilized in experiment 2, at the moment of impact the droplet distribution is

comprised of solid powders (d16 = 22 .m, fs = 1), droplets with some proportion of liquid

phase (d 84 = 140 pim, fl> 80%), and a substantial fraction of powders in the mushy state

(d50 = 56 .m, f1 = 16%). In the following sections, the salient microstructural features

observed in spray atomized and deposited aluminum-lithium materials, and the numerical

results are discussed concurrently.
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Figure 14. Computed temperature and fraction solid as a function of flight distance

for the experimental conditions used in experiment 3.



26

1.4 Discussion

1.4.1 Powder Sizes and Characterization

The results of the powder size characterization shown in Figure 2 indicate that the

overspray powder size distribution contained a higher percentage of fine powders relative

to the distribution collected on the deposition surface. This observation implies that

whereas the numerical model predicts an average powder size (d5 0) of 56 and 84 I.m for

experiments 2 and 3, respectively, the actual average powder size collected on the

substrate is likely to be coarser. In addition, the data shown in this figure indicates a

strong deviation from linearity for the overspray powders. This observation is consistent

with the patternation of powders during flight, commonly observed for atomization. The

coarser powders, as a result of their low kinetic energy, tend to concentrate in the center

region of the spray, whereas the fine powders tend to populate the periphery of the spray.

This is supported by the results shown in Figure 3, which shows a higher mass

concentration of powders in the center of the spray, relative to that measured for the

periphery. In terms of as-spray deposited density, these results are also consistent with

the higher densities typically associated with the center regions of as-spray deposited

materials.

1.4.2Grain Structure

The grain morphology of the spray deposited materials from all three experiments was

equiaxed; this observation is in agreement with previous findings [38, 63-66, 75].

Lavernia [76] proposed that the formation of an equiaxed grain morphology during spray

deposition is a result of three simultaneous processes: (1) dendrite arm fragmentation, (2)

nucleation/grain multiplication, and (3) constrained growth.

At the moment of impact with the substrate, the solidification structure of atomized

powders will consist of one or a combination of the following (a) featureless zones, (b)

cellular without secondary arms, (c) dendrites, and (c) equiaxed structures, depending on

the growth conditions of the solidification front (see Figure 15). Whereas powders

containing cored dendrites [77] and/or equiaxed structures will readily lead to the

formation of an equiaxed grain morphology during deposition, dendrite deformation and

fracture can also assist equiaxed grain formation. The deformation and fracture of

dendrite arms is initiated as a result of the mechanical action of the high velocity impact
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of semi-solid/semi-liquid particles, and continues after impact under the action of shear

forces induced by turbulent fluid convection [76]. At the moment of impact with the
substrate, for example, it has been estimated by Lavernia and co-workers [72] that an 80

pm aluminum droplet will be traveling at approximately 100 in/sec.

......... N o ., ! .... ..

Figure 15. SEM micrograph showing solidification morphology of powders collected
from test tube experiment.

More recently, a study involving Ni 3A1 powders proposed that the formation of equiaxed
grains from dendrites during annealing evolves from two distinct mechanisms: a) the

coarsening of secondary dendrite arms, and b) the growth and coalescence of primary

dendrite arms [78]. Kinetic analyses of the experimental data obtained in this study

showed that the activation energy necessary for grain growth to occur was higher than the

activation energy for recrystallization but lower than the activation energy for diffusion.

The large amount of grain boundary area associated with the fine dendritic morphology

present in the as-solidified powders was thought to provide the necessary driving force

for growth to occur in the microstructure.
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Regarding grain size, the predictions of the numerical model for experiment 3 are

reasonable in view of the relatively coarse grains observed experimentally (68 .m). This

grain size is approximately 70% coarser than those observed for experiments 1 and 2 (22

gm). The coarser grain size observed for experiment 3 is thought to have developed as a
result of an excessive amount of liquid phase contained in the droplet distribution at the

moment of impact with the deposition surface. Furthermore, the Ge and higher Li and Zr

additions in alloy A relative to those in alloy B (see Table 1) will effectively stabilize the
grain size during solid state cooling. Comparison of the grain sizes observed for

experiments 1 and 2 indicates that an equally effective grain size reduction can be

achieved by either increasing the gas atomization pressure, or alternatively, by using an

atomization gas with higher thermal diffusivity (i.e., N2 vs Ar).

1.4.3 Porosity

An important microstructural characteristic frequently associated with spray atomized

and deposited microstructures is the presence of a finite amount of non-interconnected

porosity [37, 63, 64, 66, 791. The overall amount of porosity present in spray atomized
and deposited materials depends on: (a) the thermodynamic properties of the material, (b)

the thermodynamic properties of the gas, and (c) the processing parameters. Under

conditions typical for alum~num alloys, for example, the amount of porosity present in

spray atomized and deposited materials has been reported to be in the 1-10% range. The

present results revealed that the size distribution of pores is bimodal, with a large

proportion of pore sizes in the 1-2 gim and 10 g.m range. It has been suggested that the

origin of porosity in spray atomized and deposited materials may be attributed to one or a

combination of the following mechanisms: (a) gas rejection, (b) solidification shrinkage,

(c) interparticle porosity. The first mechanism, gas rejection, is anticipated as a result of

the limited solid solubility of inert gases in most structural materials. As the temperature

of the material decreases during solidification, any amount of gas that might have

dissolved during the melting and superheating stage will be rejected into the matrix,

leading to the formation of gas pores. However, results obtained using fast neutron

activation analyses show that spray atomized and deposited materials exhibit extremely
low levels of dissolved gases, suggesting that this mechanism is not as important as

originally thought f79]. Furthermore, in view of the irregular morphology of the pores it

is highly improbable that a large proportion of the porosity originates from the rejection

of entrapped gases, since gas porosity generally exhibits a spheroidal morphology.
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The formation of shrinkage porosity is generally associated with sluggish solidification

kinetics, such as those present during ingot casting. In view of the limited amount of

liquid phase present under proper spray atomization and deposition conditions, it is

highly unlikely that solidification shrinkage plays an important role in the formation of

the observed pore distribution. It is worth noting, however, that if the spray atomization

and deposition conditions are such that there is an excessive amount of liquid phase
present at the deposition surface, this mechanism may play a significant role in the

formation of porosity. The presence of excess amounts of liquid phase during impact

may develop as a result of: (a) coarse droplet sizes, (b) high deposition temperatures, and

(c) remelting of solid phases caused by high spray enthalpies [37]. Under these

conditions, the atomization gas may interact with the molten metal, leading to the

formation of large amounts of porosity.

The available experimental evidence suggests that a large proportion of the porosity that

is generally observed in spray atomized and deposited materials may be attributed to the

third mechanism, interparticle porosity. As the droplets descend, first on the deposition

surface, and eventually on each other, they overlap leaving micron-sized cavities in

betweeri. In spite of the large amount of turbulence present, the relatively rapid drop in

temperature during deposition prevents any liquid phase present from filling all of the

cavities, leading to the formation of irregular pores. This mechanism is consistent with

the observed correlation between deposition conditions such as spray density, powder

size, and fraction solidified, and the amount of porosity present throughout the deposit

[56, 75, 79] (see Figure 6). For example, the higher density associated with the central

region of the deposit has been attributed to the elevated mass flux of droplets in this
region of the spray, relative to the periphery [80]. These droplets contain elevated

fractions of liquid phase, effectively filling the interstices between droplets. In contrast,

the high amount of porosity generally observed in the periphery of the spray deposited

materials results from a large proportion of small, presolidified droplets. It is worth

noting that under processing conditions where deposited droplets are allowed to fully

solidify before the arrival of more droplets, interlayer porosity will also develop at the

original droplet boundaries. In general, however, these processing conditions are

avoided, since the presence of these discontinuities in the microstructure will lead to less

than optimum mechanical behavior.
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The presence of fine grain boundary pores observed in the present study is in agreement

with the findings of other investigators [63, 79, 81]. Although the origin of this

phenomenon is not completely understood, it has been suggested that during impact and

solidification these fine pores effectively pin grain boundaries, preventing their migration

[38, 76].

1.4.4 Cooling Rate and Solidification Front Velocity

The results of the present study suggest that the solidification front velocity present

during spray atomization and deposition was sufficient to prevent segregation of the Cu

in experiment 3, and extensive second phase precipitation during deposition. The results

of the EDAX analysis, for example, show that there was a homogeneous distribution of

Cu throughout the matrix in the spray deposited material. In addition, the TEM results

reveal a relatively low volume fraction of secondary phases in the as-spray deposited

condition, when compared to that of the spray deposited, hot rolled and aged conditions.

Detailed study of the solidification conditions during spray deposition is complicated by

the extreme differences in thermal environment prior to, and after impact. For example,

whereas an 80 jLtm aluminum droplet is exposed to relatively high cooling rates (0.4 - 1 X

104 K/sec.), and consequently relatively fast solidification growth velocities (0.2-2.0

m/sec.[73]), the cooling rate after impact is relatively slow (10-20 K/sec.[75]). Recently,

Ruhr and co-workers [66] determined that the amount of Mn retained in solid solution

during spray deposition of an AI-6.5Mn-2.35Li-0.8OZr (wt.%) was 2.25 wt.% Mn.

Furthermore, by computing the dependence of Mn excess solid solubility on cooling rate,

the results of this study suggest that the "effective" cooling rate during spray atomization

and deposition is approximately I X 103 K/sec. From the magnitude of this cooling rate,

the reported presence of primary A16Mn needles [661 in the spray deposited

microstructure, and the work of Juarez-Islas, Jones and Kurz [82], the solidification front

velocity can be estimated as approximately 1-2 mm/sec. Clearly, a solidification front

velocity of the magnitude present during spray deposition will not be sufficient to retain

large amounts of elemental additions in solution. Therefore, some solute segregation

should be expected, particularly with elemental additions which require large

undercoolings for solute supersaturation (i.e., low To).
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1.4.5 Precipitation Behavior.

The X-ray diffraction studies on the Al-Cu-Li-Zr alloy failed to reveal the presence of

secondary phases; however, the diffraction peaks corresponding to the a Al matrix were

diffuse. This behavior has been correlated to the presence of the T1' phase. The presence

of the T1' phase was confirmed by DSC and TEM studies.

The DSC curve obtained from the as-spray deposited material shows that the first

exotherm (precipitation) is very broad and shallow (see Figure 12), indicating
simultaneous precipitation of various phases. Precipitation of the 8' and T' phases is

expected in this temperature regime. In addition, the low magnitude of the heat released

during this reaction is consistent with a low volume fraction of precipitates. These results

indicate that the thermal conditions present during spray atomization and deposition favor

simultaneous co-precipitation of various phases in the matrix.

The DSC thermograms presented in Figure 12 show that precipitation kinetics are

accelerated in the powder and spray deposited materials, relative to the IM material.

Katgerman and Vander Brandt [83] proposed that rapid solidification enhances

precipitation kinetics; one plausible mechanism is an increase in vacancy supersaturation

during rapid quenching. This observation is consistent with the results obtained in this

investigation in view of the cooling rates experienced by the three different samples: 45

prm powders: 1 X 105 K/sec.; spray atomization and deposition: 1 X 103 K/sec.; and ingot

metallurgy: 1 X 10-2 K/sec.

The DSC thermogram for the as-spray deposited material may be characterized in terms

of the following reactions:

o The exothermic peak corresponding to the 82-194 *C temperature regime

indicates the precipitation of solute clusters, ' and T1 ' phases; solute clusters and

8' phases predominate prior to 150 *C, whereas after 150 °C, the T1' phase is

thought to dominate.

o The endothermic peak at 230 *C corresponds to the dissolution of T 1' and 8'
precipitates.

o The exothermic peak at approximately 308 *C marks the precipitation of the 8
phase and the TI' -> T, transformation.

o The endothermic peak at 362 'C corresponds to the dissolution of the T, phase.
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o Finally, the exothermic peak observed at approximately 438 °C can be

associated with the precipitation of high temperature intermetallic phases (T2

(AI6CuLi3), and TB (AI15Cu 8Li 2)).

This sequence of reactions is consistent with the appearance of the T1 phase after hot

rolling and heat treatment of the spray deposited Al-Cu-Li-Zr alloy to the T3 condition

(solutionized at 550 °C/1 hour, and aged at 180 °C/18 hours). TEM work is continuing

with the objective of characterizing the precipitates.

1.4.6 Mechanical Behavior

The difference in the mechanical behavior of the HIP'ed material, relative to that of the

hot rolled and HIP'ed material (see Table 4) can be attributed to a difference in volume

fraction of porosity. Hot rolling and HIP'ing effectively closed all of the porosity

resulting in an increase in cry, Turs, and elongation, relative to the HIP'ed material (see

Figures 7, 8). Ano0- - ifference between experiments 1 and 2 which must be taken into

consideration i - type of atomization gas used in both experiments. Inspection of

Table 2 show, that whereas nitrogen gas was used in experiment 1, argon was used in

experirn",it 2. The work of Leatham and co-workers [65] indicates that the volume

fraction of porosity in as-spray deposited materials is inversely proportional to the

thermal diffusivity of the atomization gas, and directly proportional to gas density. This

observation is consistent with the higher volume fraction of porosity present in the as-

spray deposited material from experiment 2.

The improvements in elongation behavior of the spray deposited, hot rolled and HIP'ed

material, relative to that of comparable IM and PM materials, can be attributed to a

combination of structural refinement, minimization of oxide phases, and Ge additions.

The spray atomized and deposited materials exhibited attractive combinations of strength

and ductility, particularly when normalized for density. Further studies are continuing to

assess the effect of hot extrusion on the resulting structure and properties.

1.5 Conclusions

i. The preliminary results presented in this study suggest that spray atomization and

deposition processing can be successfully utilized to manufacture aluminum-lithium

alloys including those containing high lithium additions.
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ii. Analysis of overspray powders collected from the spray atomization and
deposition experiments indicate that the distribution of powders which impacts the

deposition surface is comprised of a large proportion of relatively coarse powder sizes.

iii. The microstructure of the spray deposited Al-Cu-Li-Zr alloy consisted of
relatively coarse (68 im) equiaxed grains, a finite amount of micron-sized porosity, and a

low volume fraction of secondary phases. The microstructure of the spray deposited Al-
Li-Mg-Ge-Zr alloy consisted of relatively fine (22-23 gim) equiaxed grains. Comparison

of the microstructure from all three experiments indicates that increasing the gas
atomization pressure, or utilizing an atomization gas with a higher thermal diffusivity are
equally effective in reducing grain size.

iv. EDAX and TEM studies indicate that the magnitude of the solidification velocity
present during spray atomization and deposition is sufficient to prevent excessive

segregation of the alloying elements.

v. The attractive combination of strength and ductility of the spray atomized, hot

rolled and HIP'ed material was a result of microstructural refinement; minimization of

oxide phases; absence of porosity; and high Li, Zr and Ge additions.
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CHAPTER 2

2.0 The Effects of Solidification Phenomena on the Distribution of SiCp During

Spray Atomization and Co-Deposition
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2.1. Introduction

The attractive physical and mechanical properties that can be obtained with metal matrix

composites (MMCs) have been documented extensively [1, 2, 4, 7, 84, 85]. In many

cases, the combination of properties that are theoretically attainable with MMCs have not

been realized, partly, as a result of our lack of understanding of the

microstructure/processing synergism and its ensuing effect on mechanical behavior.

Despite impressive progress over the last two decades, our understanding of the

fundamental kinetic mechanisms governing the behavior of the interface during

processing, and subsequently, during service remains limited as a result of the

complexities associated with multi-component alloy/ceramic combinations [19, 86-90].

The integrity of the metal/ceramic interface is strongly influenced by processing

conditions. For example, the high temperatures commonly encountered during casting of

MMCs provide the driving force necessary for interfacial diffusion to occur, often leading

to the formation of complex chemical reactions. Processing is also intimately linked to

mechanical behavior, since the resultant distribution of reinforcing phases is ultimately

governed by the conditions present during solidification [91-98]. For example, it is now

evident that in order to achieve a homogeneous distribution of ceramic particulates during

solidification, it is necessary to exercise careful control of the conditions governing the

behavior of the liquid/solid interface [91-96].

From the above discussion, it is apparent that in order to avoid extensive interfacial

reactions, and obtain a homogeneous dispersion of reinforcements, precise control of the

thermodynamic conditions during processing is critical. One approach currently being

studied to achieve thermodynamic control during processing is to simultaneously atomize

the matrix material, inject the reinforcir.g phases into the atomized spray, and deposit the

multi-phase mixture onto a substrate or a shaped container [32, 37, 99-101]. This

process, a modification of spray atomization and deposition, was developed in view of

the aitractive combinations of structure and properties reported for spray atomized and

deposited materials [37, 64, 102-104]. This particular processing methodology,

circumvents the disadvantages associated with ingot metallurgy processes [15, 28] and

powder metallurgy processes [27, 105]. In analogous studies, other investigators have

reported successful incorporation of SiCp into an aluminum matrix using the Osprey

process [106, 107] and a modified gas metal arc welding torch [34].
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The objective of the present study was to provide insight into the effects of matrix

solidification on the microstructural evolution during spray atomization and co-

deposition, with particular emphasis on the kinetic mechanisms governing the entrapment

and distribution of ceramic particulates. An Al-Li-SiCp MMC was selected for the
present study on the basis of the results of Delannay, Froyen and Deruyttere [108], and
Wolf, Levitt and Brown [109]. Their work indicates that lithium effectively enhances the

wettability of c(,ramics by molten metals by segregating to the interfacial region and

weakening any oxide layers present; these results are supported by the work of Webster
[110]. Moreover, the addition of Li to Al significantly decreases the density and
simultaneously increases the elastic modulus (i.e., higher E/p) [401.

2.2 Experimental Procedure

Reynolds Metals Company provided the Al-Li master alloy as cast ingots, 100 mm x 200

mm x 600 mm. The ingots were inspected for major defects, and chemically analyzed in
preparation for atomization. Chemical analysis of the remelt alloy revealed a matrix

composition of AI-2.1 Li (in wt. %).

The SiCp were obtained from the Superior Graphite Company. The size distribution of
the SiCp (D phase) was Gaussian and exhibited an average of 3 Jtm (d50). In addition,

90% of the distribution of the SiCp sizes was less than 5 pim (d90) with 10% of the
distribution falling under 1 p±m. Overall, most of the SiCp sizes (99%) were under 15 l.tm.

The bulk and particulate density was 0.78 and 3.1 g/cm 3, respectively; the surface area
was 8.3 m2/g. In order to ensure moisture desorption from the surface of the particulates,
these were vacuum degassed at 800 'C for 30 minutes prior to the experiments.

2.2.1 Spray Atomization and Co-Deposition Processing

During spray atomization and co-deposition, the matrix material is disintegrated into a

fine dispersion of droplets using high velocity inert gas jets, followed by deposition onto

a substrate where the droplets impact and accumulate into a preform of predetermined
thickness (see Figure 16). 1 the distribution of atomized metallic droplets travel

towards the deposition surfa,.,., one or more jets of ceramic particulates are co-injected

into the atomized spray at a previously determined flight distance. The potential of using

this technique to incorporate multiple ceramic particulates into a metallic matrix is shown

schematically in Figure 17a, where white and black spheres, representing two types of
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ceramic phases, are being simultaneously co-injected into the atomized metallic spray.
The precise co-injection position is determined on the basis of numerical analysis of the

fraction solid and the temperature of the atomized matrix droplets, as a function of flight

distance; a more thorough discussion of the numerical results is presented in a subsequent

section. The objective of this technique is to achieve interfacial control by injection of

the reinforcing particulates at a spatial location where the atomized matrix spray contains

a limited amount of volume fraction liquid. In this manner, contact time, thermal

exposure of the reinforcing particulates to the partially solidified matrix, and interfacial
reactions may be minimized. In order to avoid extensive oxidation of the Al-Li matrix

during processing, the experiments were conducted inside of an environmental chamber.
The latter was evacuated down to a pressure of 150 microns of Hg, and backfilled with

inert gas prior to melting and atomization. For metal/ceramic combinations exhibiting no

reactivity, the reinforcing phases can also be introduced in the liquid alloy matrix prior to

spray atomization and deposition.

Regarding the differences between Osprey [64, 102, 103, 106, 107] and spray

atomization and co-deposition processing, a few comments are in order. First, during

spray atomization and co-deposition processing the environmental chamber is evacuated

to a relatively high mechanical vacuum prior to atomization, resulting in an inert

atmosphere suitable for atomizing reactive alloys, such as those based on magnesium

[100]. In comparison, during Osprey processing the environment is maintained inert by

flushing the atomizing chamber with inert gas. Second, the atomization devices used to

disinttgrate the metallic matrix during Osprey and spray atomization and co-deposition

processing differ in design, resulting in differences in the powder size distribution.

Finally, injection of the ceramic particulates is normally accomplished close to the

atomization region during Osprey processing, whereas during spray atomization and co-

deposi "on processing, injection of the ceramic particulates can be made at any point

during the flight distance; the injection details are discussed subsequently. The interested
reader is encouraged to refer to the available scientific literature [32, 64, 99-104, 106,

1071.
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Figure 16. Schematic diagram of experimental apparatus.

In the present study, injection of the strengthening particulates was accomplished

utilizing a fluidized bed principle, which involves using an inert gas to entrain the

ceramic particulates (see Figure 17b). As shown in Figure 17b, when the gas flow

through a static bed of SiCp is increased, the bed begins to expand eventually reaching a

condition known as minimum fluidization. Minimum fluidization represents the fluid flow

conditions when the drag force exerted by the carrier gas on the particulates in the static

bed becomes equal to the gravitational force holding the particulates inside the container.
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the gas pressure beyond that needed for minimum fluidization leads to an increase in the
value of the void fraction. The void fraction asymptotically approaches unity with

continued fluidization. The following equations were used in the present study to
calculate void fraction (w), conditions for minimum fluidization, terminal velocity, and
mass flow rate of the gas and particulates [111]:

w = 1 - ( bulk density / particulate density) (3)

Re,' = (33.7)2 + 0.0408 Gal"2 - 33.7 (4)

Ga=Dp ( Ps - PC) PC g / 12 (5)

V=Dp2 ( Ps - Pc) g / 18 1 (6)

1/(f)1/2 = 4.0 log (Re f' (01/2 ) - 0.40 (7)

W = irD(f)2 Pc v /4 (8)

Wsic = K W (9)

where Reof' is the Reynold's number for minimum fluidization; Ga is Galileo's number;

Dp is the nominal size of the SiCp; Pc and Ps are the densities of the carrier fluid and the
solid particulates, respectively; g is the acceleration due to gravity; T1 is the viscosity of
the carrier fluid; Vt is the terminal velocity of the particulates (i.e, the velocity of the

fluidizing gas when w = 1); f and D(f) are the friction factor and diameter of the
fluidization chamber, respectively; W is the mass flow rate; v is the average operating
gas velocity inside the fluidization chamber, and K is a constant whose value depends on
the dimensions of the fluidized bed and the type of fluidization gas. It is worth noting
that in order for the particulates to be entrained by the fluidizing gas, the average

operating gas velocity inside the fluidization chamber, v, must exceeds the terminal
velocity, Vt.

Two distinct fluidized beds were uwilized in the present study. Although the geometry of
the fluidized bed was identical in both cases, the volume was increased from 4.73 x 10-4

m3 in the first one to 1.74 x 10-3 m3 in the second one, in order to accommodate higher
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mass flow rates of strengthening particulates; this is discussed further in the results

section. Ccirespondingly, the values of K were determined as 1.2 and 0.58 for N2 and Ar

respectively for fluidized bed #1, and 1.2 for both N2 and Ar for fluidized bed #2. These

values of K were determined experimentally on the basis of fluid flow experiments

conducted utilizing both fluidized beds. The experimental parameters used in the present

investigation are listed in Table 5. It is not presently understood why the value of K

varied with gas type for fluidized bed #1, whereas it remained independtnt of gas type for

fluidized bed #2, however, some differences in behavior were evident. For example,

during the course of the fluid experiments it was noted that the tendency for gas bubbling

(i.e., flow condition where the fluidizing gas bypasses the particulates with minimal or no

entrainment) increased as the volume of the fluidized bed was increased, and became

more prominent when N2 gas was used. In contrast, this behavior was not observed when

Ar gas was used as the fluidizing gas. Further work is continuing in this area.

Table 5. Input Parameters used in Fluidized Bed Calculations.

Parameter Value Units

Bulk Density 780 kg/m 3

Particulate Density 3100 kg/m 3

Volume of fluidized bed # 1 4.73 x 104  m 3

Volume of fluidized bed # 2 1.74 x 10-3  m 3

Particulate Size 5 x 10-6 m

Density of Argon 1.68 kg/m3

Viscosity of Argon 2.2 x 10 -5 kg/m s

Density of Nitrogen 1.187 kg/m3

Viscosity of Nitrogen 1.54 x 10 -5 kg/m s

Height of Fluidized Bed # 1 0.18 m

Height of Fluidized Bed # 2 0.18 m

Five spray atomization and co-deposition experiments were conducted for the present

study; the primary experimental variables used during each experiment are listed in Table

6. In addition, a sixth experiment (experiment no. 10) was conducted for the binary Al-Li
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matrix material, using experimental conditions identical to those listed for experiment 7,

except for the atomization pressure which was increased to 1.38 MPa.

Table 6. Experimental Variables Used in Study.

Variables Experiment Number

5 6 7 8 9

Matrix Alloy Al-Li Al-Li Al-Li Al-Li Al-Li

Fluidized Bed Type 1 1 1 2 2

Atomization Pressure (MPa) 1.20 1.20 1.20 1.20 1.20

Atomization Gas Argon Argon Argon Nitrogen Nitrogen

Fluidized Bed Gas Argon Argon Argon Argon Nitrogen

Injection Angle1 (0) 30 20 90 30 30

Injection Distance (m) 0.21 0.13 0.15 0.14 0.14

Fluidizing Pressure (MPa) 0.69 0.69 0.69 0.69 0.69

Flight Distance (m) 0.41 0.41 0.41 0.41 0.41

Pouring Temperature (°C) 840 840 840 840 840

Metal Delivery Tube

Diameter (mm) 3.30 3.27 3.33 3.05 3.00

Atomization Nozzle

Pressure Condition2 (kPa) -0 6.0 ~0 -0 -0

I The injection angle refers to the relative angle between the spray of SiCp and the concentric vertical axis

of the atomized matrix.

2 Positive and zero values represent pressurization and metal free-fall, respectively.

2.2.2 ptical Microscopy

Optical microscopy was conducted on polished and etched as-deposited samples using

conventional and Differential Interference Contrast (DIC) techniques; the use of DIC

microscopy facilitated identification of the SiCp in the matrix. The size, volume fraction,

and distribution of the SiCp was quantitatively characterized using a Buehler Omnimet II

Image Analyzer.
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2.2.3 Scanning Electron Microscopy (SEM)

SEM studies were conducted using a HITACHI S-500 microscope. The samples were
sectioned to a thickness of 0.5 cm and mirror polished using conventional techniques.

The polished samples were then examined in secondary electron mode for microstructural

details; point analysis was carried out at selected regions of the sample surface to detect
the presence of silicon.

2.3 Results

2.3.1 Fluidized Bed Experiments

The operating conditions used for the fluidized beds in the present study are shown in
Table 7, and were calculated from Eqns. (3-9), in combination with the input parameters

shown in Table 5. A comparison of the measured and computed SiCp mass flow rates,
for various experimental conditions, is shown in Figure 18 and Table 8. In Table 8, the
theoretical values of the SiCp mass flow rates were used to calculate an upper bound of

the volume fraction of reinforcing particulates, for two carrier gases and three pressures;
these results are shown graphically in Figure 18. It is worth noting that a SiCp size of 5
.tm (d90 ) was used in these calculations, instead of the average SiCp size of 3 .tm (d50 ),

on the basis of information obtained from Reference 111 which recommended using the
largest significant particle size when applying Eqns. (3-9) to predict fluidization behavior.

Table 7. Typical Operating Conditions of Fluidized Bed.

Operating Type of Gas
Variables Argon Nitrogen

w (-) 0.75 0.75

AP 1 (Kg m/sec 2) 7647.72 7648.87
ReDf ()1.31 x 10-5  1.15 x 10-5

Ga (-) 0.0217 0.0190

Vt (m/sec) 0.00248 0.00274

IPressure drop across fluidized bed.
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Figure 18. Computed and measured mass flow rates of SiCp as a function of gas type

and fluidization pressure for: a) fluidized bed #1, and, b) fluidized bed #2.
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2.3.2 Structural Characterization

The overall dimensions of the preforms from all five experiments were approximately

360 mm in length, and 180 mm in width. The thickness of the preforms decreased from

50-75 mm in the central portion to approximately 5 mm in the thickness dimension. All
of the microstructural characterization studies conducted for the present investigation
were performed on material removed from the central portion of the preforms.

2.3.2.1 Optical Microscopy

Optical microscopy was conducted on coupons of the spray atomized and co-deposited
Al-Li-SiCp materials; one example taken from experiment 6 is shown in Figure 19. This

figure reveals the presence of an equiaxed grain morphology, with an average grain size
of 68 gim. This grain morphology, which is characteristic of spray atomized and

deposited materials, has also been reported by other investigators [32, 37, 64, 102-104].
The average grain sizes for experiments 5-9 were determined as 71 JIrm, 68 4~m, 66 lm,
50 gim and 44 lm, respectively. Optical microscopy of the binary Al-Li matrix material
(i.e., unreinforced) showed that the microstructure of the as-spray atomized and deposited

binary Al-Li alloy consisted of equiaxed grains, 207 gim in diameter, the as cast grain size
was 1270 .m. Shown in Figure 20 are three representative optical (DIC) micrographs
taken from various regions of the spray atomized and deposited Al-Li-SiCp materials.
Two high magnification micrographs showing the location of the SiCp in the Al-Li

matrix are presented in Figure 21.
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(b)
Figure 19. Optical micrograph showing equiaxed microstructure of the as-spray

deposited: (a) AI-Li-SiCp material, and b) Al-Li material.
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(c)

Figure 20. Optical DIC micrograph showing: a) distribution of SiCp in the Al-Li

matrix, b) presence of clustered SiC particulates, and c) SiCp decorafing

splat boundaries.
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(a)

(b)

Figure 21. DIC micrograph showing: a) engulfed SiCp in the Al-Li matrix, and

b) presence of a SiCp at a grain boundary triple point.
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2.3.2.2 Image Analysis

Image analysis was conducted on a number of samples taken from experiments 5-9 in

order to characterize the size, distribution, and location of SiCp in the Al-Li matrix. The

size and distribution of the SiCp obtained from image analyses were then used to compute

the SiCp interparticle spacing according to the formula discussed by Nardone and Prewo

[7]:

(i t / Vf) 1/2  (10)

where X is the interparticle spacing; and t, t and Vf are the thickness, length, and volume

fraction of the SiCp, respectively. The results of the image analysis and the computed

interparticle spacings, X, are shown in Table 9. The frequency histograms corresponding

to the size distribution of the SiCp from experiment 5, are shown in Figure 22.

600 2500
a b

600--
2000

400-•
C C 1500
0 0

U 30O U
n n
t 1000
S S

200

100 I oo 0-,

0f1 . - 1 0-111 1

0 2 4 a a 60 12 a 2 4 a a S 0 12

SiC particulate size (microns) SiC particulate size (microns)

Figure 22. Frequency histogram showing SiCp size distribution for: a) top and

b) bottom regions of experiment 5.
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Table 9. Results of Image Analysis of the Al-Li-SiCp MMCs.

2Equivalent Volume Fraction Inter-
1Sample # Diameter(im) (%) particle

Spacing

Min. Max. Mean a Min. Max. Mean a (X, Wim)

#5 A 0.57 9.00 2.70 2.01 1.92 8.33 3.49 1.82 14.48

#5 B 0.57 10.00 2.71 2.10 2.89 6.15 4.56 1.13 12.69

#5 C 0.57 12.00 2.10 1.76 4.40 13.44 7.89 1.91 7.48

#6A ------ NOT DETERMINED---- - 9.60 - 48.71

#6C ------ NOT DETERMINED---- - 311.65 47.91

#7 A 0.57 11.00 2.76 2.13 4.69 7.19 6.12 0.85 11.14

#7 B 0.57 10.00 2.86 2.12 4.38 6.10 5.13 0.50 12.62

#7 C 0.57 9.00 3.34 2.16 1.34 3.16 2.49 0.54 21.16

#8 A 0.25 13.56 1.65 2.92 18.39 24.72 20.75 2.25 18.14

#8 B 0.25 9.33 1.54 2.34 3.17 7.36 5.41 1.56 25.71

#9 A 0.25 10.68 1.61 2.79 2.60 7.63 3.70 1.54 19.99

#9 B 0.25 16.95 2.27 4.24 2.77 8.95 6.00 2.29 11.89

#9 C 0.25 18.92 2.58 4.83 0.76 15.00 5.29 5.23 10.78

1 A, B, C designations refer to top, center and bottom regions, respectively, of the spray atomized

and deposited AI-Li-SiCp.
2 The equivalent diameter is a measure of the size of the SiCp.
3 These values of the volume fraction were determined using quantitative metallography.
4 These values were computed from Eqn. 10 for a SiC p size of 2.7 pn.

2.3.2.3 SEM/EDAX Analysis

Scanning electron microscopy of samples removed from the central portion of the spray
atomized and deposited material revealed a fairly uniform distribution of SiCp throughout

the matrix (see Figure 23). In addition, SEM analyses reveaied the presence of a finite

amount of non-interconnected porosity (see Figure 24). The micron sized pores were
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preferentially located at the grain boundaries, and exhibited an irregular, faceted
morphology. The distribution of pores in the microstructure was observed to be bimodal,

with a large proportion of pores in the 1-2 pam and 10 gtm size ranges; the volume fraction

of porosity was estimated to be approximately 4-5%. The presence of SiCp in the Al-Li

matrix was confirmed using EDAX analysis.

Figure 23. SEM photograph showing SiCp, size distribution in the Al-Li matrix.
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Figure 24. SEM micrograph showing location and morphology of porosity in the Al-

Li matrix.

2.3.2.4 Numerical Results

In an effort to provide insight into the various solidification and heat transfer phenomena

that are active during spray atomization and deposition, several investigators have

developed mathematical models to predict the effects of processing variables on the

distribution of droplet sizes, droplet velocities, positions, temperatures, cooling rates and

dendrite arm spacings (DAS) [38, 71-73, 1021. Although most of these models either
incorporate a number of limiting assumptions, such as small Biot numbers, small

undercoolings, etc., or are based on simplistic thermal energy arguments, i.e., enthalpy

formulations, they provide some interesting insight into fundamental solidification

phenomena during atomization. The ultimate objective of these models is to predict the

thermal and solidification behavior of rapidly moving droplets as a function of flight

distance. This information can then be utilized to understand the evolution of the

microstructure, and consequently to optimize the processing parameters during spray

atomization and deposition. In the present study, we used a mathematical model based
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on an enthalpy formulation developed elsewhere [38, 72] in order to gain some insight

into the solidification and heat transfer behavior of the atomized droplets during

atomization, and its subsequent effect on microstructure. The main assumptions involved

in the formulation of the model were discussed in section 1.3.8 and are briefly described

below.

The disintegration of a molten metal by high energy gas jets (atomization) is complex and

only aspects of it have been addressed from a theoretical view point [1121. The work of

Lubanska [113] has shown that the disintegration of liquids by high velocity jets obeys a

simple correlation. A slightly modified form of the original correlation was incorporated

into the model of interest and shown to represent the results of molten me -I atomization

experiments reasonably well [38, 72, 114]. According to the mod iied Lubanska's

correlation, the mass mean droplet diameter (i.e., the opening of a screening mesh which

lets through 50 percent of the mass of the powder resulting from an atomization

experiment), ds0 is given by:

V 2 p +F /J 21/2
50 Kd[mo g ge Pm )" +jmelt gas)]

where Kd is an empirically determined constant with a value between 40 and 400 (a value

of 162 was selected for the conditions used in the present study, since this was shown to

yield a good correlation between theory and experiment [38]; gm' Gm Pm' and J melt are

the viscosity, surface tension, density and mass flow rate of the melt, respectively; PaI g
V , and J are the viscosity, nozzle exit velocity and mass flow rate of the atomizingge gas

gas, respectively; and d is the diameter of the metal delivery nozzle. Expressions for the

flow rates were obtained as functions of the process parameters from Bernoulli's equation

in the case of the metal [111] and from theory of compressible flow [115] in the case of

the gas. Once the mass mean droplet diameter, d50, was computed from Eqn. (11), other

useful characteristic particle sizes such as d16 and d84 may be readily calculated from d50

and experimental information about the standard deviation of the (log-normal) size

distribution function for atomized powders [37, 38, 113]. Since d16 and d84 represent the

opening of a screening mesh which lets through 16 and 84 percent of the mass of the

powder, respectively, one may use d 50 , d16 and d84 to exemplify the complete size

distribution of atomized powders.

Once the distribution of droplets sizes (i.e., d5o, d16 and d84) were computed from Eqn.

(11), in combination with experimentally determined values of the standard deviation [37,
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38], the velocity fields of the droplets and gas were calculated from momentum

considerations. The final step involved the con:putation of the droplet temperature and
fraction solidified, as a function of flight distance from the atomization point. In the

model this was achieved by establishing an energy balance during cooling and

solidification, that takes into account, among other ,ariables, the velocity and temperature

of the atomization gas. A widely accepted simplifying assumption incorporated into the

model involved neglecting the spatial variation in temperature inside the droplet (lumped-

parameter representation [116]). This has been shown to be a reasonable assumption for

small droplets (< 1000 gim) in which the resistance to heat transfer at the outer droplet

surface predominates over the internal resistance to heat conduction [38, 73]. Other

details and assumptions associated with this particular model are published elsewhere,

and hence will not be reproduced here [38, 72].

The aforementioned enthalpy model was applied to the conditions used in the present

study (see Table 10) to compute the variations in temperature and fraction solid of the

distribution of droplet sizes (i.e., d16 , d50 and d84) with flight distance for the conditions

used in the Al-Li and Al-Li-SiCp experiments (see Table 6). The numerical results show

that for the Al-Li experiment, the distribution of droplets was comprised of solid powders

(d16 = 23 im, fs = 1), droplets with some proportion of solid phase (d84 = 275 jIm, fl>

0.90), and a substantial fraction of droplets in the mushy state (d50 = 84 im, fl --0.30),

during impact with the deposition substrate. For the Al-Li-SiCp experiments, the

distribution of droplets consisted of solid powders (d16 = 30 im, fs = 1), droplets with

some proportion of liquid phase (d84 = 290 im, fl> 0.90), and a substantial fraction of

droplets in the mushy state (d50 = 92 im, fl = 0.42). Figure 25 shows the thermal and

solidification behavior of the mean powder size (d50) for the conditions used in the Al-Li

experiment. The fraction solid as a function of flight distance is also shown in the same

graph, for the conditions used in the Al-Li-SiCp experiments. It is important to note,

however, that the enthalpy model used in the present study was developed for monolithic

materials, and therefore did not incorporate the effects of the SiCp on the cooling and

solidification behavior of the atomized droplets. Hence, the differences in the computed

solidification behavior between the reinforced and unreinforced experiments solely
reflect the effects of changes in the processing parameters. The possible effects that the

SiCp might have on the thermal and solidification behavior of the atomized Al-Li

droplets are discussed in a subsequent section.
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Table 10. Input Parameters Used in Numerical Model.

Variable Description Value

Cpg Specific heat of argon 518.8 J/kgK

Cpm Specific heat of Al 0.86 KJ/kgK

Hf Heat of fusion of Al 398 KJ/kg

km  Al thermal conductivity 209 W/mK

TL Liquidus temperature 640 °C

TS Solidus temperature 600 °C

PM Al density 2.7 g/cm 3

, Ratio of Cp/Cv for gas 1.65

TN Nucleation temperature 610 °C

a Melt surface tension 0.840 kg/s2

Pg Gas density 1.654 kg/m 3

11g Gas viscosity 1.7X10 "5 kg/ms

9 m  Melt viscosity 0.001 kg/ms

P Atomization gas pressure 1.20 MPa 1

g

1The gas atomization pressure used for the Al Li binary materials was 1.38 MPa.



57

1000 --- __

T + F
e 800 r
m Tl:aq usCUS a 0.8a
P I -- t
e
r 600- i
a ±060

t ++

r 400Ts0.4

e 0.4 0

C 200 0.2 d
Sucstrate Pcs:.or 

d

01 0
0 0.2 0.4 0.6 0.8 1 1.2

Flight Distance (m)

Temperature -01- Frac:,cn Scl,'-

fraction solid of AI-Li-SiC

Figure 25. Computed temperature and fraction solid as a function of flight distance for
the conditions used in Al-Li experiment. Also shown is the fraction solid as

a function of flight distance for conditions used in the A1-Li-SiCp

experiment.

2.4 Discussion

2.4.1 Microstructure

The grain morphology of the spray deposited materials was equiaxed; this observation is
in agreement with previous findings [32, 37, 64, 99-104]. A more thorough discussion of

these mechanisms can be found elsewhere [37].

The relatively coarse grained microstructure obtained in the present study for both
reinforced and unreinforced materials (44-71 p.m for AI-Li-SiCp; 207 tam for A-Li) is

consistent with the large amount of volume fraction liquid present during impact, as
anticipated from the numerical results (see Figure 25). This range of grain sizes is

approximately 75% coarser than those reported by other investigators for spray atomized

and deposited aluminum alloys [37, 38]. Gutierrez and co-workers [38], for example,
reported grain sizes ranging from 12-25 pim for a spray atomized and deposited 7075
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aluminum alloy. The coarse grain size found in the present investigation is thought to

have developed first, as a result of an excessive amount of liquid phase contained in the

droplet distribution at the moment of impact with the deposition surface, and second, due

to the lack of secondary precipitates to prevent grain coarsening during solid state

cooling. The results of Gutierrez and co-workers [38] show that at the moment of impact

with the substrate, the average droplet contained only 10-15 volume fraction liquid ; this

is substantially lower than that achieved in the present investigation for both types of

materials ( Al-Li-SiCp, Vfl = 0.42; Al-Li, Vfl = 0.30).

Regarding the difference in microstructure between the reinforced and unreinforced

materials, the present results show a substantial decrease in the grain size of the Al-Li-

SiCp material, relative to that obtained in the Al-Li alloy. This observation, however, is

inconsistent with the numerical results which suggest that the experimental conditions

used during the Al-Li experiment resulted in a finer droplet diameter (d5O = 84 I.tm) and a

greater extent of presolidification (fs = 0.70) during impact with the deposition substrate,

relative to the conditions of the average droplet during the Al-Li-SiCp experiments (d50 =

92 l.tm, fs = 0.58). The numenal results may be readily understood by considering the

important effects of gas atomization pressure on the behavior of the atomized droplets.

The gas atomization pressure used during the Al-Li experiment (1.38 MPa) was higher

than that used during the Al-Li-SiCp experiment (1.20 MPa), effectively promoting both

a finer droplet diameter, as well as a more efficient convective heat flux from the surface

of the atomized droplets during solidification [38, 63, 72, 114]. It is worth noting that

when the experiments were conducted utilizing identical processing parameters, for both

reinforced and unreinforced materials, the microstructure of the former exhibited a high

degree of porosity, rendering quantitative microstructural analysis extremely difficult. In

view of this apparent discrepancy between the computed and experimental results, the

fine grained microstructure of the Al-Li-SiCp material may be attributed to the presence

of SiCp; this is discussed in more detail below.

The suggestion that the co-injectimn of ceramic particulates during spray atomization and

deposition results in a marked redaction in the grain size of the MMC material, relative to

that of the monolithic alloy, is supported by the findings of other investigators. This

phenomenon has also been noted by White and co-workers [117] and Kojima and co-

workers [118], who report a decrease in grain size of up to 30% for an Al-Li-Cu-Mg-Zr

alloy spray atomized and co-deposited with SiCp and B4C particulates, relative to that

noted for the monolithic materials. In view of the complex thermal, fluid, and



59

solidification phenomena involved during spray atomization and co-deposition it is
highly improbable that the observed reduction in grain size can be attributed to a single

mechanism. Most likely, the observed changes in microstructure can be attributed to the

combined effects of several, non-linear mechanisms. One approach proposed by Gupta

and co-workers [101] in order to provide insight into the effects of the ceramic

particulates on the microstructural evolution during spray atomization and deposition, is

to decouple the thermal, momentum and solidification phenomena into three distinct
mechanisms: solidification effects, thermal effects, and solid state cooling effects.
Regarding thermal effects, Gupta and co-workers [101] formulated a heat transfer model

to quantify the changes in thermal energy of an atomized droplet distribution derived

from the presence of a distribution of randomly mixed ceramic particulates. The degree;

of complexity associated with high spray densities necessitated the incorporation of a
number of simplifying assumptions into the thermal and momentum equations. In

particular, the treatment of an atomized spray as a collection of individual droplets, with

no interactions among each other, is perhaps the most limiting. Nevertheless, from a

conservation of thermal energy standpoint, the results provide insight into the effects of

ceramic phases on the evolution of microstructure during impact with a deposition

surface. In this study, the percentage heat dissipated during flight as a result of the

presence of SiCp, Q(sic, flight), was calculated from:

Q Ttal(sic, flight)

Q (Sic flight) H spray x 100 [12]

where Q Total (SiC, flight) represents the total amount of thermal energy transferred during

flight and Hspray represents the total enthalpy content of the atomized spray. The results

of this study show that the co-injection of a distribution of SiCp into an Al spray will

decrease the average enthalpy at impact by 10%, relative to i' t for the unreinforced

spray, and that 8% of the thermal energy will be transferred to the SiCp after deposition.

In spite of the fact that these results are consistent with the reduction in grain size

observed in the present study, there are other mechanisms that are likely to influence the

final microstructure. For example, the effects of the ceramic particulates on the

solidification mechanisms operating during atomization and on the migration of grain
boundaries during solid state cooling, have not been not addressed; further work is

continuing in this area.
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2.4.2 Porosity

Porosity is an important microstructural characteristic frequently associated with spray

atomized and deposited microstructures [32, 37, 63, 64, 66, 79, 99-104]. The various

mechanisms governing the formation of porosity in the spray deposited materials has

been discussed in section 1.4.3. Under conditions typical for aluminum alloys the

amount of porosity present in spray atomized and deposited materials has been reported

to be in the 1-10% range. This is consistent with the results of the present study which

showed the porosity levels in the 5-6% range. Furthermore, the present results also

revealed that the size distribution of pores is bimodal, with a large proportion of pore

sizes in the 1-2 gm and 10 pim range. Finally, although an investigation of the role of the

SiCp on the evolution of porosity during spray atomization and deposition was outside

the scope of the present study, it is likely that the presence of the particulates will affect

the porosity present.

2.4.3 SiCp Size and Distribution

In order to verify the theoretically determined mass flow rates of the SiCp shown in Table

8, and determine the values of K and v in Eqns. (3-9), a number of fluid flow experiments

were conducted independently. The results of these experiments indicate that the SiCp

mass flow rate depends on the gas type and fluidization gas pressure (see Table 8 and

Figure 18). The discrepancy between the computed and measured mass flow rates of

SiCp may be attributed to difficulties encountered in estimating some of the parameters

utilized in Eqns. (3-9). For example, determination of the average velocity of the

fluidizing gas, v, requires a knowledge of the fluid flow conditions in the fluidized bed.

Since these conditions were not accurately known, this velocity was determined from the

experimentally measured volumetric gas flow rate through the fluidized bed. It is

anticipated that the actual average velocity of the fluidizing gas will be lower than the

computed value, on the basis of the geometry of the fluidizing chamber and the bubbling

tendency of the gas noted for some fluidization conditions.

If the theoretical and measured values of the SiCp mass flow rates, and the mass flow rate

of the Al-Li matrix are taken into consideration, it is possible to estimate an upper bound

for the volume fraction of the SiCp. Such calculations yield a volume fraction of SiCp in

the 2.5% - 8.2% range for the first and second fluidized beds, depending on the

fluidization gas pressure and gas type. The results shown in Table 8 and Figure 18
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suggest various trends. First, increasing the volume of the fluidized bed from 4.73 x 10-4

m3 to 1.74 x 10-3 m3 results in a marginal increase in the mass flow rate of the SiCp.

Although this observation is consistent with the results anticipated from Eqn. (8), which

show that the mass flow rate of the particulates, WSiC, depends on the diameter of the

fluidizing chamber, D, one must consider other effects, such as the decrease in v brought
about by a larger fluidizing chamber diameter. Second, increasing the fluidization
pressure also results in an increase in the mass flow rate of the SiCp. This is to be

expected, since increasing the fluidization pressure increases the average operating
velocity, v, as a result of an increase in the volumetric gas flow rate of the gas. It is worth

noting, however, that the rate of increase in mass flow rate with pressure, asymptotically

reaches a maximum value at a pressure of approximately 0.69 MPa. This is thought to be

a result of the increased back pressure inside the fluidizing chamber at the higher
pressures. Regarding the effects of gas density on mass flow rates, examination of Eqn.

(8) suggests that a higher gas density will result in an increase in the mass flow rate of
the particulates. The results shown in Table 8, however, indicate that whereas the
maximum SiCp mass flow rate was achieved with N2 for fluidized bed #1, Ar resulted in

the maximum SiCp flow rate for fluidized bed #2. This behavior although not precisely

understood, is thought to be associated with the interaction of Ar and N2 with the
fluidizing chamber. For example, during the flow experiments it was noted that the

tendency for bubbling in fluidized bed #2 was higher for N2 than for Ar, limiting the

ability of N2 to entrain the SiCp. Overall, the results shown in Table 8 suggest an order

of magnitude correlation between the computed and experimentally observed volume

fraction of SiCp in the Al-Li matrix (See Table 9).

Regarding the variations in volume fraction of SiCp for a single experiment, the results

shown in Table 9 do not reveal a clear correlation between spray deposited thickness, the
amount of SiCp, and the experimental conditions (see Table 6). Although a systematic

investigation of the effects of the injection angle on the distribution of SiCp was outside

of the scope of the present study, the variations in volume fraction with spray deposited

thickness are most likely affected by changes in the fluidization conditions (i.e., pressure

drop) and mass flow rate of the metal during the experiments, in addition to the injection

ang' -. Furthermore, since the volume fraction of SiCp was determined using image
analysis, the results should be treated as an order of magnitude approximation of the

actual SiCp volume fraction. The results do suggest. however, that it is possible to alter

the resulting variations in volume fraction of SiCp through changes in processing

parameters, such as, for example, the injection angle. The higher volume fraction of SiCp
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observed for experiment 6 was attributed to the pressurization condition at the metal

delivery tube (see Table 6). This behavior, which is caused by the relative position of the

metal delivery tube to the gas jets, has been studied extensively [ 119]. The pressurization

condition present at the metal delivery tube reduced the metal flow rate of the matrix,

effectively decreasing the AI-Li/SiCp mass flow ratio, resulting in a higher SiCp

concentration.

Comparison of the theoretically determined SiCp volume fractions shown in Table 8, to

the results of the image analysis shown in Table 9, suggest good agreement between

theory and experiment. The experimentally determined volume fractions of the SiCp,

averaged over the thickness of each experiment, were 5.3, 10.6, 4.6, 13.1, and 5.0 for

experiments 5-9, respectively. In comparison, the theoretically determined volume

fractions were 4.5 for experiments 5-7; 8.2 and 6.0 for experiments 8 and 9, respectively

(see Table 8). The discrepancy between the computed and experimentally determined

values observed for experiment 6 can be attributed to the pressurization condition during

atomization, as previously discussed. The difference between the computed and

experimentally determined values for experiment 8, however, remains unclear, since no

pressurization was present during this experiment. It is worth noting that the presence of

porosity in the microstructure of the spray atomized and deposited materials made it

difficult in some cases, to distinguish between micron sized pores, and SiCp.

24,4 Distribution of SiC_ in the Al-Li matrix

The resultant distribution of reinforcing phases during processing of metal matrix

composites is of interest, since the mechanical behavior of these materials will depend on

the size, distribution and orientation of these phases in the matrix. In turn, it is the

interaction of these reinforcing phases -commonly ceramics - with solidification

mechanisms that governs the resultant distribution. A review of the available scientific

literature shows that over the last three decades various investigators have addressed the

fundamental problem posed by the interaction of a particulate with a moving fluid front

[91-981. In particular, the results of these studies have enhanced our understanding of the

kinetic and thermodynamic factors that govern the entrapment or rejection of particulates

b) a moving liquid front. According to the results available from these studies, a

particulate will be engulfed or rejected by a moving solidification front on the basis of

one of the following criteria:
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(a) thermodynamic criterion,

(b) critical velocity criterion,

(c) thermal conductivity criterion, or

(d) thermal diffusivity criterion.

A discussion of these criteria follows.

The thermodynamic criterion is based on the principle that engulfment or rejection of

particulates by a moving solidification front will depend on the net change in the free

energy of the system. The change in free energy of the system can be defined as:

AFnet = aPS - GPL (13)

where apS is defined as the surface energy between the particulate and the solid, and G'PL

is defined as the surface energy between the particulate and the liquid. Hence, if

AFnet < 0, engulfment of the particulates by the moving solidification front can be

anticipated; if AFnet>O rejection of the particulate will occur [98].

The critical interface velocity criterion has been documented extensively [91-93, 97].

'his criterion is based on the principle that the engulfment or rejection of particulates

during solidification will depend on the velocity of the solidification front. The critical

velocity (Vcr) of the solidification front for the engulfment or rejection of the particulates

can be defined as:

Ac; d 0  2- KP
Vcr 6(n - 1ir 2-- (14)

where do is the interatomic distance, 1 is the viscosity of the melt, r is the radius of the

particulate, Kp is thermal conductivity of the particulate material, KL is the thermal

conductivity of the melt, n is a constant having integral values irom 2-7 [97]. ACo0 is the

difference in surface tension, as computed from:

A 0
= CF PS - (a PL + ' SL) (15)
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where (Yps is the surface energy between particulate and solid, (YPL is the surface energy

between the particulate and liquid and GSL is the surface energy between solid and liquid.

Hence, if the velocity of the solidification front is greater then Vcr, particulate engulfment

is anticipated; conversely, if the velocity of the solidification front is less than Vcr,

rejection of the particulate will occur [97].

The thermal conductivity criterion can be used to predict engulfment or rejection of

particulates by an advancing solid/liquid interface solely on the basis of the ratio of

thermal canductivities of the particulates and the melt. This criterion anticipates

particulate engulfment if Kp/KL > 1 and rejection if Kp/KL < 1, where Kp and KL

represents thermal conductivities of particulate and melt, respectively. This criterion has

been extensively studied by Zubko and co-workers [94].

The thermal diffusivity criterion is based on the principle that engulfment or rejection of

the particulate is a function of the ratio of the thermal diffusivities of particulate and melt.

The ratio of thermal diffusivities (R) can be expressed as follows:

(X c~. p1/2

R X CL P! [161

where Xp, Cp and Pp represent the thermal conductivity, specific heat and density of the

particulate, respectively; and X1, C1 and P1 represent the thermal conductivity, specific

heat and density of liquid, respectively. Hence, if this ratio is greater than one, the

particulate will be captured; if this ratio is less then one the particulate will be rejected

[96, 98].

It is evident from the above description of the four criteria, that these were originally

developed for steady state conditions, such as those present during equilibrium

solidification ( e.g., planar solid / liquid interfaces, spherical particles, and constant

thermal properties). In contrast, the conditions present during spray atomization and

deposition are far from being at equilibrium, and as previously discussed, involve both

solid and liquid phases. However, in order to provide some insight into the kinetic

mechanisms governing the distribution of SiCp during spray atomization and co -

deposition, Eqns. (13-16) were used to predict engulfment or rejection of the particulates
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by the solidification front. The properties of the Al-Li matrix and the SiCp used for the

computation are shown in Table 11.

The results of these calculations are shown in Table 12 for each of the four criteria.

Clearly, whereas none of the four approaches predict particulate engulfment during

solidification, the results of image analyses and optical microscopy studies indicate

otherwise. For example, the results shown in Table 9 indicate that the interparticle

spacing for the SiCp is in 7-21.2 gim range, whereas the grain size is in the 66-72 tIm

range for all five experiments. These results, which are sIvpportc'i by optical (see Figure

20) and scanning electron microscopy (see Figures 21 and 23), suggest that SiCp can be

found both intra- and intergranularly. The presence of SiCp in the center region of the

grains suggests particulate engulfment during solidification, since particulate rejection by

the solidification front would result in pushing of the particulates towards the inter-

dendritic regions. It is unlikely that the presence of SiCp in the center region of the grains

may be attributed to grain growth following solidification, since preliminary results from

grain growth studies suggest that the SiCp tend to immobilize the grain boundaries during

grain growth 11201.

Tab', 11. Input Parameters Used to Calculate the Results shown in Table VIII.

Viscosity of Al 2 x 10-3Pa.s*

Ups 10.547 N/m*

GPL 2.26 N/m*

GSL 0.016 N/m

do 3 x 10-8 cm

PAl 2.7 x 103 kg/m 3

PSiC 3.1 x 103 kg/m 2

KSiC 15.57 W/mK

KAI 109.5 W/mK

Cp(SiC) 0.963 kJ/kg

Cp(AI) 1.086 kJ/kg

* as reported by Stefanescu et a197.
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The failure of the above criteria to account for the experimental results is not surprising in

view of the extreme non - equilibrium conditions present during spray atomization and

deposition. Therefore, since the microstructural characteristics of spray deposited

materials cannot be rationalized in terms of the aforementioned criteria, an alternate

mechanism for particulate entrapment must be explored.

Table 12. Results and Predictions of Various Criteria for Particulate

Engulfment/Rejection.

Criterion Result Prediction

Thermodynamic AF = 8.287 N/m Engulfment not possible

approach

Critical velocity Vcr = 2.31 cn/s Engulfment not possible

approach since V deposition = 2

mm/s3 7.

Thermal conductivity Kp/KI = 0.1421 Engulfment not possible

approach

Thermal diffusivity R = 0.38 Engulfment not possible

approach

During spray atomization and co-deposition, the thermal and solidification conditions of

the droplet distribution at the moment of impact with the deposition surface will depend

on: (a) the thermodynamic properties of the matrix material, such as: (i) liquidus

temperature, (ii) solidus temperature, (iii) melting temperature, (iv) density, (v) thermal

conductivity, (vi) surface tension, (vii) heat capacity, and (viii) heat of fusion; (b) the

thermodynamic properties of the atomization gas such as: (i) density, (ii) heat capacity,

(iii) visccsity, and (iv) thermal conductivity; (c) the characteristics of the reinforcement

phase(s), such as: (i) size distribution, (ii) mass flow rate, and (iii) temperature; and (d)

the processing parameters, such as: (i) atomization gas pressure, (ii) nozzle/substrate
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flight distance, (iii) metal/gas flow ratio, and (iv) reinforcement injection. Under

conditions typical for aluminum alloys, and as previously discussed, the droplet

distribution at impact is comprised of solid powders, droplets with some proportion of

solid phase, and a substantial fraction of powders in the mushy state. As a result, during

impact with the deposition surface, the SiCp will be surrounded by either: (a) dendrite

fragments, (b) fully solidified fine droplets, or (c) liquid phase. This event is shown

schematically in Figure 26. Whereas the presence of eithe, dendrite fragments and/or

fully solidified droplets will not permit migration of the SiCp - in this case the

particulates will be found decorating the splat boundaries - the interaction of the

particulates with the liquid phase and the ensuing solidification events must be

considered. In the presence of a liquid phase, the SiCp may be

(a) engulfed by the moving solidification front,

(b) pushed to interdendritic regions,

(c) agglomerated and engulfed, or

(d) agglomerated and pushed towards interdendritic region

Comparison of the initial SiCp size distribution (d50 
= 3.tm) to that determined from the

image analysis (1.5-3.3 .m; see Table 9) indicates that the SiCp did not agglomerate

during deposition. Only for sample 7C, from the bottom region of the spray atomized

and deposited material, was there some agglomeration present (3.34 .tm); this is

discussed subsequently. Whereas one would not anticipate entrapment of the SiCp by the

solidification front on the basis of the low solidification front velocities after impact [36,

37, 751 and on the basis of the large difference in thermal properties between the

particulates and the liquid/solid front, entrapment during deposition will be facilitated as

a result of the kinetic energy present during deposition, which will lead to a mechanically

driven entrapment. This mechanism is illustrated schematically in Figure 27.
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Figure 26. Schematic diagram showing the events during impact of droplets and SiCp

at the deposition surface.
, -- SiC particulate

Solidification front

)Capillary formation

OI QO Impinging droplet

; T2,V2

T2>Tl

T1 ,V1

7 Fimpact>Fr

Figure 27. Schematic diagram showing mechanically driven entrapment during spray

atomization and deposition; Ti, T2, VI and V2 refer to the temperature and

velocity before and after deposition, respectively.
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In mechanically driven entrapment, a SiCp is approached by multiple solidification
fronts, as shown schematically in Figure 27. As the solidification fronts converge, a

capillary region will form around the particulates. At this point, the particulates will not

only experience the repulsive forces from the solidification fronts, but also capillary

forces and fluid convective forces resulting from droplet impact and fracture. The
combined effect of all three types of forces will be to push the particulate(s) out of the

capillary region. As the SiCp is displaced, subsequent impact by a droplet becomes
highly probable as a result of the high spray density present during spray atomization and

deposition [37, 80]. Since the impinging droplets arrive at the deposition surface with

velocities ranging from 100-400 m / s - depending on size - the high kinetic energy

associated with the impact will lead to a mechanically stimulated engulfment of the

ceramic particulates. This mechanism, however, assumes that the SiCp can move freely

under the action of the aforementioned forces, and hence possess a relatively smooth

surface and a low aspect ratio. Whereas the particular SiCp size distribution used in this
study exhibited a relatively irregular, equiaxed morphology (i.e., low aspect ratio), SEM

studies revealed that the surfaces of these particulates were highly irregular.

A straight forward mathematical Ireatment may be utilized to assess whether

mechanically driven entrapment of the SiCp during spray atomization and co-deposition

processing is possible. By computing the magnitude of the repulsive forces acting on a

particulate as a result of the solidification front, and comparing these with the impact

forces exerted by the droplets, it will be possible to determine whether engulfment is

possible or not. Thus, if Fimpact/Fr > 1 the particulate will be engulfed; otherwise it will

be rejected. The repulsive force experienced by a particulate as a result of a solid/liquid

front can be computed from [97]:

Fr =-rrAo/(n - 1) [171

where r, is the radius of the particulate, A30 represent the difference in surface tension as

defined in Eqn. (15), and n is a constant defined in Eqn. (14). The impact force due to the

impinging droplets can be calculated from:

F impact= V(di) p(di) a(di) [18]
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where V(di), p(di) and a(di) represent the volume, density and acceleration of a droplet of

size di, respectively. The value of the repulsive forces computed according to Eqn. (17)

and the impact forces computed according to Eqn. (18) are shown in Table 13.

Based on the ratio of impact to repulsive forces, it can be predicted whether the SiCp will

be engulfed or not. It can be seen from the results shown in Table 13, that the impact

forces resulting from d16 droplets are not sufficient to overcome the repulsive forces for a

large proportion of the SiCp sizes used in this study. However, the impact forces exerted

by d50 and d84 droplets can lead to engulfment of 1 gam, 3 p.tm and 5 pm particulates.

Since the d50 and d84 droplets comprise a large proportion of the entire distribution, it

may be concluded that a large proportion of the SiCp should be engulfed.

Table 13. Computed Repulsive and Impact Forces for Spray Atomization and

Deposition.

Repulsive Force Impact Force Prediction

(N) (N)

F(d 6 ' = 2.51 x 10-6 Engulfment not possible for

1, 3 or 5 pam particulate size.

Fr( 'Am) = 4.33 x 10-6

Fr,31.m) = 1.30 x 10-5  F(d50 ) = 3.00 x 10-5  Engulfment possible for 1,3

Fr, ;gm) = 2.16 x 10-5 and 5 p.m particulate size.

F(d84) = 3.14 x 10-4 Engulfment possible for 1,3
and 5 Lim particulate size.

* - here d 16 (30 prn. d50 (92 pm) and d84 (290 pm) characterize the droplet size distribution 37.

Wiereas the optical and SEM microscopy studies, as well as the interparticle spacings

coi iputed from Eqn. (10) cnfirm that particulate entrapment will occur during spray

atoinization and deposition (see Figure 21a), the presence of SiCp at the grain boundaries

was also noted (see Figure 21b). Figure 20c shows the SiCp decorating prior droplet

boundaries; this micrograph was taken from the bottom region of the deposit, close to the

water cooled surface. Local clustering of SiCp during deposition (see Figure 20b) can be

related to the thermal history of the droplets. The thermal history of the material

throughout deposition is dictated, in part, by the rate of transfer of thermal energy fiom
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the atomized spray into the deposited material. In turn, the rate of transfer of thermal

energy from the spray into the deposit is directly related to the average enthalpy content

of the spray at the moment of impact. For example, under conditions of high spray

enthalpies, it has been suggested that remelting of solid phases may occur locally [37,

38]. In this case the SiCp, rather then being allowed to move freely under the action of

repulsive, convective and capillary forces, will remain in contact with the molten matrix.

This will lead to the formation of high temperature regions, resulting in low solidification

front velocities, with concomitant segregation of the particulates to the grain boundary

regions.

The presence of SiCp at prior-droplet boundaries, as observed for the region of the spray

deposited material deposit closest to the water cooled surface, can be rationalized in terms

of the fast quench rates experienced by this region Sample 7C, for example, shows a SiCp

interparticle spacing (k) of 21 .tm, which is relatively close to the diameter of the d16

droplets (30 gim). This observation is also consistent with the mechanically driven

entrapment mechanism proposed here, which predicts that engulfment of 1, 3, or 5 im

particulates will not occur for d 16 droplets (see Table 13).

2.5 Conclusions

1. The results obtai,-ed from the present study suggest that it is possible to spray

atomize a metallic matrix and simultaneously co-deposit a distribution of ceramic

particulates. Furthermore, it was observed that the resultant distribution of SiCp was

affected by the fluidization parameters and the atomization conditions.

2. The SiCp were found to promote substantial gra;n refinement of the spray

atomized and deposited materials. This observation was discussed in terms of the

processing variables and the computed solidification behavior.

3. Quantitative analysis of the size and distribution of the SiCp in the Al-Li

microstructure indicated minimal agglomeration. Retention of a suitable particulate

dispersion throughout the matrix was facilitated by the presence of primary dendrite

debris resulting from droplet impact. Some agglomeration was noted in regions of the

spray atomized and deposited material containing excess amounts of liquid phase.
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4. In the present study, an alternate criterion based on mechanically driven
engulfment was proposed to explain the observed entrapment of SiCp by an Al-Li matrix.
The validity of this criterion was established for Al-Li-SiCp metal matrix composites

using optical microscopy, SEM, and image analysis.
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CHAPTER 3

3.0 The Effect of Ceramic Reinforcements During Spray Atomization and Co-
Deposition of Metal Matrix Composites: Part I. Heat Transfer



74

3.1. Introduction

The experimental and theoretical studies described in the previous two chapters

demonstrate that spray atomization and co-deposition may be successfully utilized to

synthesize MMCs. It is also evident, however, that the conditions during processing

critically affect the resultant distribution of reinforcing phases. Despite encouraging

preliminary results [31, 33-35, 117, 118, 121, 122, 123], our understanding of the thermal

and momentum mechanisms which govern the interaction between the ceramic and

metallic phases, remains very limited. In particular, the effects associated with the

energetic co-injection of a distribution of ceramic particulates into a partially solidified

metallic spray, and its ensuing effects on the heat transfer during atomization and

subsequently during deposition are not well understood.

The objective of the present investigation was to provide insight into the thermal effects

of ceramic particulates on the evolution of microstructure during spray atomization and

co-deposition of metal matrix composites. The numerical results will be correlated with

the grain sizes of the unreinforced and reinforced spray deposited materials.

3.2. Experimental Procedure

The experimental studies were conducted using an aluminum matrix reinforced with

silicon carbide particulates ( SiCp ). Two aluminum alloys were selected for the present

study: A1-2.1Li (wt. %) and Al-(5.0-7.0)Cu-(0.1-0.3)Mg-(0.0-0.8)Mn-(0.0-0.1)Ti-(0.O-

0.25)V-(0.0-C.25)Zr-(0.0-0.5)Fe-(0.0-0.5)Si-(0.0-0.12)Zn (wt. %) (2519 designation).

The Reynolds Metals Company (Richmor.d, Virginia, U.S.A) provided the Al-Li matrix

alloy as cast ingots, whereas the 2519 alloy was provided by the Army Materials

Technology Laboratory (Watertown, Massachusetts, U.S.A.). The two matrix alloys will

be referred to hereafter as Al-Li and Al-Cu, respectively.

The details regarding the type, size and distribution of SiCp were described in section 2.2.

3.2.1. Processing

The experimental details regarding spray atomization and co-deposition processing were

described in section 2.2. Five experiments (experiments 5, 10-13) were conducted for the
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present study; the primary experimental variables used during each experiment are listed

in Table 14.

Table 14. Experimental Variables.

Variables Experiment Number

10 5 11 12 13

Matrix Alloy Al- 2.1 Li AI-2.1 Li AI-5.0 Cu AI-5.0 Cu Al-5.0 Cu

Reinforcement -- SiCp -- SiCp SiCp

Atomization Pressure 1.36 MPa 1.2 MPa 1.2 MPa 1.2 MPa 1.2 MPa

Atomization Gas Argon Argon Nitrogen Nitrogen Nitrogen

Fluidized Bed Gas -- Argon -- Nitrogen Nitrogen

Injection Angle(a) -- 300 -- 300 300

Injection Distarce -- 0.21 m -- 0.21 m 0.21 m

Fluidizing Pressure -- 0.69 MPa -- 0.17 MPa 0.17 MPa

Flight Distance 0.41 0.41 m 0.41 m 0.41 m 0.41 m

Pouring Temperature 8400C 8400 C 800 °C 800 °C 800 °C

Metal Flow Rate(Jmel) (kg/sec)0.027 0.032 0.038 0.038 0.038

Gas Flow Rate(Jga) (kg/sec) 0.015 0.013 0.010 0.010 0.010

Exit gas velocity (Vge) (m/s) 341 296 327 327 327

(a) The injection angle refers to the relative angle between the spray of SiCp and the concentric vertical axis

of the atomized matrix.

3.2.2. Light Microscopy

Light microscopy was conducted on polished and etched as-spray deposited samples
taken from experiments 5, 10-13, using conventional optKal t,-icroscopy and Differential

Interference Contrast (DIC) microscopy; the use of DIC microscopy facilitated
identification of the SiCp in the matrix. Keller's reagent ( 0.5 HF- 1.5 HCI-2.5 HNO 3-95.5
H20) was used in the present study to reveal the grain boundaries for microstructural

analysis. The volume fraction of the SiCp were quantitatively characterized using a

Buehler Omnimet II Image Analyzer. The grain size was measured using the linear

intercept method, as described in ASTM E 112-84.
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3.2.3. Scanning Electron Microscopy (SEM)

SEM studies were conducted using a HITACHI S-500 microscope. The overspray

powders collected after spray deposition were spread on an aluminum stub and gold

coated. The overspray powder samples were then examined in secondary electron mode

for microstructural details and for determining the number of SiCp on the surface of the

powders of different sizes.

3.2.4. Transmission Electron Microscopy (TEM)

Transmission electron microscopy (TEM) studies were conducted using JEOL 100C

microscope at an operating voltage of 100 kV on SiCp. The TEM studies were carried

out in order to provide insight into the morphological characteristics of the SiCp.

3.2.5. Steady State Temperature Determination

In order to determine the average temperature of the spray during impact and validate the

numerical results, a thermocouple (Chromel - Alumel, Type K) wc-s placed on the surface

of the deposition subs.rate during experiments 11 and 13. The !ariation of temperature
with time was then recorded using a Tracor Westronics Model 4030 strip chart recorder.

3.3. Results

33.1. Microstructural Characterization

The overall dimensions of the spray atomized and deposited preforms from the five

experiments were approximately 360 mm in length, and 180 mm in width. The thickness

of the preforms decreased from 50-75 mm in the center portion to approximately 5 mm at

the periphery. All of the structural characteri/ation studies conducted for the present

study were performed on material removed from the central 80-90 % portion of the

preforms (minimum thickness = 10 mm); the remaining 10-20 % of the preforms was

considered too porous for detailed analysis.

Metallographic analysis was conducted on coupons of the spray deposited Al-Li, Al-Cu,

Al-Li-SiCp and AI-Cu-SiCp materials; one exar.ple taken from experiment 5 is shown in

Figure 28. The microscopy studies revealed the presence of equiaxed grains. This grain
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morphology has also been reported by other investigators [36-38, 58, 63, 64, 71, 102,

103]. The results of the gain size measurements fir experiments 5, 10-13 are shown in

Table 15.

4,,

ntt

Figure ~ ~ ~ 28 Opia mirgrp shwn eqixdganmrhooyo hpa

Figue 2. OTal micResuapsowintlgrquixe gralyinsopolg.fth pa

Experiment # Droplet size(a), Gyrain size Vf Of SiCpG')

d50 G1111) (4im) M%

5 92 68± 2.2 5.3± 0.8

10 84 75± 3.2 --

11 57 36± 3.2 --

12 57 28± 1.2 8.4± 0.5

13 57 22± 2.2 16.5 ± 1.2

(a) These values of the droplet sizes were determined using the pre .'iously established

numerical model (38).

(b,) These values of the volume fraction were determined using quintitative metallography.
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Regarding grain size, the present results show that the co-injection of ceramic particulates

during spray atomization and co-deposition promotes grain refinement. This observation

is consistent with the results of other investigators [31, 99, 117, 118, 122, 123]. It is

worth noting, however, that the reduction in grain size observed in the present study for

the SiCp containing material for experiments 5 and 10 was approximately 9.3%, whereas

it was approximately 22.2% for experiments 11 and 12 when compared to that of

monolithic material. Tne relatively small difference in grain size between the reinforced

and unreinforced materials observed in the present study between experiments 5 and 10

can be attributed to the higher gas atomization pressure and lower metal flow rate used in

experiment 10, (1.36 MPa and 0.027 kg/sec) relative to that of experiment 5, (1.2 MPa,

and 0.034 kg/sec) (see Table 14). As will be discussed in the results section, an increase

in gas atomization pressure coupled with a decrease in the metal flow rate will effectively

decrease the droplet size formed during atomization. The higher quench rate associated

with a smaller droplet diameter will promote extensive solidification prior to impact with

the deposition surface, with concomitant refinement in the spray deposited microstructure

[31]. Hence, the use of a lower gas atomization pressure, and a larger metal flow ratio

helped offset the quenching effect brought about by the presence of SiCp.

Scanning electron microscopy of overspray powder samples revealed the presence of

SiCp on the surface of the powder samples (see Figure 29a). In order to determine the

concentration of SiCp present on the surface of the atomized powders, a large number

of overspray powder samples were collected and studied in the SEM. The results are

shown in Figure 29b where the experimental measurements are compared to those

deduced from theoretical considerations (discussed further in the discussion section). The

results shown in this figure suggest that there is strong correlation between the number of

SiCp present on the surface, and the powder diameter.

Transmission electron microscopy conducted on the SiCp revealed the existence of a

serrated surface morphology. The average depth of these serrations was found out to be

approximately 0.05 pm. Figure 30 shows the typical morphological features of the SiCp.
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Figure 30. TEM micrograph showing the serrated surface morphology of SiCp.

The temperature - time curves obtained from experiments 11 and 13 are shown in Figure

31. TIhe results show that during deposition the steady state temperatures for

unreinforced 2519 alloy (experiment 11) and reinforced 2519 alloy (experiment 13) were

733 K and 568 K, respectively.
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Figure 31 .Graphical representation of temperature-time curves for unreinforced and

reinforced 2519 alloy during spray atomization and co-deposition.

3.4. Discussion

The results of the present study show that the co-injection of ceramic particulates during

spray atomization and co-deposition promotes a reduction in grain size. This

phenomenon has also been noted by White et al. [117] and Kojima et al. [ 118], who

report a decrease in grain size of up to 30% for an Al-Li-Cu-Mg-Zr alloy spray atomized

and co-deposited with SiCp and B4C particulates, relative to that noted for the monolithic

materials.

In view of the complex thermal, fluid and solidification phenomena involved during

spray atomization and co-deposition, it is highly improbable that the observed reduction

in grain size can be attributed to a single mechanism. Most likely, this phenomenon is a

result of several non-linear effects brought about by the additional kinetic energy

introduced into the metallic spray during co-injection of ceramic particulates. One

approach that may be utilized to provide insight into the effects of the ceramic

particulates on the microstructural evolution during spray atomization is to de-couple the

thermal, fluid and solidification phenomena by considering three distinct mechanisms:
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solidification effects, thermal effects and solid state cooling effects. The solidification

and thermal effects will be discussed in more detail below while the solid state cooling

effects will be discussed in Part II of this paper.

3.4.1. Solidification Effects

hi order to provide insight into the effects of ceramic particulates on the solidification

behavior of atomized droplets, it is necessary to consider first the thermal history of the

droplets during co-injection. To that effect, several investigators [38, 71, 102] have

studied the solidification and heat transfer phenomena during atomization, using

numerical simulations. In these studies, the effects of processing variables on the droplet

size distribution, droplet velocity, droplet positiohs, droplet temperatures, and dendrite

arm spacings (DAS) were investigated. Although most of these models either incorporate

a number of limiting assumptions, such as small Biot numbers, small undercoolings, etc.,

or are based on simplistic thermal energy arguments, i.e., enthalpy formulations, they can

be used to provide some insight into fundamental solidification phenomena during

atomization. On the basis of these investigations, and for processing parameters similar

to those used in this study (see Table 14), one can deduce that the average aluminum

droplet contains approximately 50% liquid at the time of co-injection of the ceramic

particulates. It is anticipated that the transfer of kinetic energy during impact of SiCp

with an undercooled droplet during atomization may result in partial or full penetration of

the SiCp. Such an event may catalyze heterogeneous nucleation of the solid phase at the

site of SiCp. Recent experimental results[124] show such an effect for Al-Si alloys co-

injected with SiCp (see Figure 32). In addition, other investigators in related studies

[125, 1261 have proposed that there is a population of catalysts, which results from

surface oxidation processes during atomization, that promote heterogeneous surface

nucleation of the solid phase. In other studies, Gupta et al. [127] used X-ray

diffractometry to show that a spray atomized and deposited Al-4.0 wt.% Ti material

retained 0.88 wt.% Ti in solid solution, whereas the corresponding as-spray atomized and

deposited Al-2.3 wt.% Ti-SiCp material retained up to 1.13 wt.% Ti in solid solution.

Although a systematic analysis of this phenomena was beyond the scope of this work, it

was suggested that the increased excess solid solubility in the SiCp containing material

could be related to an acceleration in solidification kinetics during ceramic-droplet

impact.
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Therefore, it is likely that the presence of a distribution of SiCp, and the ensuing catalytic

effect on solidification mechanisms, will increase the volume fraction solidified during

impact. This will effectively contribute towards the formation of a fine grained

microstructure, by decreasing the overall enthalpy content of the atomized spray prior to

impact with the deposition substrate. The catalytic effect of SiCp on solidification

kinetics is the subject of further study.

Figure 32. Optical micrograph showing a SiCp initiating solidification event in a droplet

of 6061 Al alloy [ 124].

3.4.2. Heat Transfer Effects

An important mechanism that is likely to affect the evolution of microstructure during

spray atomization and co-deposition is the transfer of thermal energy from the atomized

droplets to the ceramic particulates. In view of the fact that during ceramic injection , the

droplet size distribution will be comprised of solid, semi/solid and liquid droplets, it is

likely that the thermal effects will be closely linked to the solidification mechanisms

discussed in the previous section. Nevertheless, the overall decrease in the enthalpy

content of the spray brought about by the presence of ceramic particulates will affect the

resulting microstructure.
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In order to provide insight into the transfer of thermal energy during spray atomization

and co-deposition, and its subsequent effect on microstructure, a heat transfer model was

formulated for the present study. The degree of complexity associated with high spray

densities necessitated the incorporation of a number of simplifying assumptions into the

thermal and momentum equations. In particular, the treatment of an atomized spray as a

collection of individual droplets, with no interactions among each other, is perhaps the

most limiting. Nevertheless, from a conservation of thermal energy standpoint, the

present results will provide insight into the effects of ceramic phases on the evolution of

microstructure during impact with a deposition surface. The formulation of the model is

divided into three interrelated sections: a) powder size distribution, b) heat transfer during

atomization, and c) heat transfer during deposition. In the following sections, the

governing equations are established, followed by a discussion of the results obtained with

the experimental parameters used in the present study

3.4.2.1. Powder Size Distribution (see section 2.3.3 also). The disintegration of a molten

metal by high energy inert gas jets (atomization) is complex, and only a few aspects of it

has been addressed from a theoretical viewpoint [1121. The work of Lubanska [113]

demonstrated that the disintegration of liquid by high velocity gas jets obeys a simple

correlation. A slightly modified form of the original correlation was incorporated into the

present model, and has been shown by other investigators [38, 72] to represent the results

of molten metal atomization experiments reasonably well. According to the modified

Lubanska's correlation, the mass mean droplet diameter (i.e., the opening of a screening

mesh which lets through 50 percent of the mass of the powder result from an atomization

experiment), d50 , is given by

1/2

d m o O m 
*Jf1

d5 = k d  [1+ m.:elt

50 d[ jV 2 P 1+ gas 0 1)
g ge m j

where kd is an empirically determined constant with a value between 40 and 400 (a value

of 162 for Ar [381 and 51.7 for nitrogen was selected for the conditions used in the

present study since this has been shown to yield a good correlation between theory and

experiment). A detailed description of the symbols used in Eqn. (11) may be found in the

Nomenclature section at the end of the paper. Expressions for the flow rates (Jgas) can be

obtained as functions of the process parameters from Bernoulli's equation in the case of

the metal [ 111 ] and from the theory of compressible flow [ 115] in the case of the gas. In
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the present work, Jmelt was determined experimentally by measuring the time required to

empty the melting crucible. Other useful characteristic powder sizes, such as d16 and d84,
are readily calculated from d50 and information about the standard deviation, ag, of the

(log-normal) size distribution function for the atomized powders, which is defined by

= d84/d5o (19)

where 84 and 50 in d8 4 and d50 represent 84% and 50% of the size distribution under this

powder size.

The mass mean droplet diameter of the powder size distribution (d50 ) %Nas computed from
Eqn. (11), using the processing parameters and physical constants corresponding to each

experiment (see Tables 14 and 16). The results show that Eqn. (11) predicts a ds0 value
of 84 gim for experiment 10. In addition, the results obtained from Eqn. (19) in

combination with experimentally determined values of the standard deviation [58. 631,
showed that 16 cumulative weight percent of the distribution was under 23 4tm, and 84

cumulative weight percent of the distribution was less than 390 gim.

Since the atomized spray will contain a distribution of droplets in the 23-390 am size

range, one can anticipate a mixture of solid, liquid, and mushy droplets during injection,
and subsequently, during deposition. Therefore, the thermal analysis that follows will be

accomplished by considering the d8 1, d50 and d16 droplet sizes as representative of the

entire Gaussian distribution of droplet sizes.
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'fable 16. Input Parameters Used in Numerical Model.

Variable Description Value Units

Cpg Specific heat of argon 518.8 J/kgK

Csic Specific heat of SiCp 0.963 KJ/kgK

Hf Heat of fusion of Al 398 KJ/kg

kril Al thermal conductivity 209 W/nK

ksic SiC thermal conductivity 12 W/mK

h Heat transfer coefficient 1.676 KJ/n 2 
0 C sec

TL Liquidus temperature 654 0 C

TS Solidus temperature 640 0 C

Pm Al density 2700 kg/r 3

PSi c  SiC Density 3100 kg/m3

y Ratio of Cp/Cv for gas 1.65

TN Nucleation temperature 645 ° C
Gm Melt surface tension 0.840 kg/s 2

Pg Gas density 1.8 kg/m
g Gas viscosity 1.7 x 10-5 kgi'm sec

m Melt viscosity 0.001 kg/rn sec

dsic Particulate Size 3 x 10-6 m

D L self diffusion coefficient 1.21 x 10-12 m2/sec
K kinetic growth coefficient 0.02 rnisec K

8 length of an interface step 4.05 x 10-10 m

AT* undercooling 9 K

3.4.2.2. Heat Transfer During Atomization. Once the powder size distributiol has been

determined, it is possible to compute the droplet temperature and fraction solid as a

function of flight distance. This was accomplished in the present study using a numerical

model based on an enthalpy formulation, developed elsewhere [38, 72). The main

assumptions involved in the model were described in section 1.3.8.

This enthalpy model was applied to the conditions used in the present study (see Tables

14 and 16) to compute the temperature and fraction solid of the powder size distribution

as a function of flight distance for both the Al-Li and AI-Li-SiCp experiments. The

enthalpy model (using lumped parameter formulation) of the droplet cooling and
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solidification process can be described as follows. For the first stage (cooling of liquid

droplet), the energy balance equation is:

p Vd dH(di)/dt = - Ad h (T2 - TO) - dQ/dt (20a)

It can be shown that radiative losses (dQ/dt) are relatively small and can be neglected,

particularly in the case of the lower melting point materials [38, 72, 128, 1291. The heat

transfer coefficient, h, can be estimated from the standard Ranz-Marshall correlation

[1301. Once the droplet enthalpy has been calculated from Eqn. (20a), the droplet

temperature is calculated from:

T = (H(di) - Hf) / Cp + TL (20b)

The appearance of the first nucleus of solid inside the droplet marks the beginning of the

second stage of the droplet quenching process. In order to simplify the analysis, the

model makes the assumption that a single nucleus forms in the center of the droplet and

grows radially thereafter. In order to incorporate undercooling effects into the

calculations, it was necessary to introduce two additional parameters from crystal growth

kinetics [131] in the model which are difficult to measure and must be estimated; these

are the nucleation temperature and the kinetic growth coefficient. In the model, the

variation in fraction solid, fs, with temperature was calculated from the kinetic
s*

relationship between growth rate, R, and undercooling, AT , originally proposed by

Coriell and Turnbull [132]:

R=K AT (20c)m

where K is a kinetic growth coefficient, given by:m

K = 13 (DLM/8) (Hf/R'TL2 ) (20d)m

where 13 is a factor introduced by Cahn et al.[133] whose value varies from 1-100. Eqn.

(20c), also known as the "linear growth rate law", represents a special case of the kinetic

relationship originally developed by Coriell and Tumbull [132] in which the steady state

continuous growth of a planar front is an exponential function of the undercooling. The

validity of Eqn. (20c) is limited to cases involving small to moderate undercoolings.
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Depending on the value of the kinetic growth coefficient, Km, the droplet temperature

may or may not reach the liquidus temperature at the end of recalescence [38, 72].

The volume fraction solidified, fs , is readily calculated, once the nucleus radius has been

determined and the instantaneous enthalpy and temperature of the droplet are calculated,

from:

dT/dt = (Hf/ Cp) dfs/dt - Ad h (T2 - To) / Pm Vd Cp (20e)

Finally, in the third (solidification after the end of recalescence) and fourth stages (solid

state cooling) the droplet temperature and volume fraction are computed from the total

enthalpy content at a particular temperature. A more thorough discussion on the thermal

and solidification behavior during the last two stages can be found elsewhere 138, 72,

129, 1341.

The computed temperature and solid fraction of the droplet size distribution, at the SiCp

injection distance and at the deposition surface, are shown in Figure 33 and 34,

respectively for experiment 5. The results shown in these figures were computed for

droplet sizes corresponding to the 30-390 ttm range. The results shown in Figure 33 and

34 indicate an increase in temperature and a decrease in fraction solid, with powder

diameter, both at the SiCp injection distance as well as at the deposition distance. It is

important to note, however, that the results shown in these figures do not incorporate the

effects associated with SiCp injection.

Once the droplet temperature is known, the thermal energy content of the atomized spray

can be computed. The specific heat of the matrix material (aluminum alloy), Cp (kJ/kg),

can be calculated from !135]

Cp =0.7661 +0.46145 x10- 3 T T 933.2K

(21)

Cp = 1.086 T >933.2K

It must be noted that equations shown above for the calculation of specific heat are

primarily meant for ,ure Al. These equations are used in the present study since similar

information for the Al-Li or Al-Cu alloys used in the present study was not available in
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the literature. In addition, the effect of segregation during solidification and its influence

on the computations of specific heat are ignored in the present calculations.
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Figure 33. Graphical representation of the thermal and solidification history of the

droplet size distribution at the SiCp injection distance.

It then follows that the total thermal energy per unit mass of a single droplet, H droplet/kg

can be obtained from

H droplet/kg = fsCpAT+ fIAH f +f ICpAT (22)

Since fs + fl = 1, Eqn. (5) can be expressed as

T
H droplt/g f CdT+fIAHfT (23)

Hence, from Eqn. (23), the heat content of the droplet of mass, m(di) can be computed

from
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H(d) =Hdroplet =m(d,) C dT+ f IAHf(24)
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Figure 34. Graphical representation of the thermal and solidification history of the

droplet size distribution at the deposition surface.

The total enthalpy of the atomized spray at any spatial location, can be computed from

information on the droplet size distribution as

Hspray = n(di) H(d.) (25)

In Eqn. (25) the number of droplets of diameter di, n(di) can be calculated from

mmetal *f(d.)
n (d- mdf) = (26)

m droplet, i 26

Therefore, the total number of droplets for a given distribution, N, can be calculated as

N = X n(di) (27)

Similarly, the number of SiCp can be calculated from
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wt % SiC • mdeposi tn(.3ic) 100 x m si c  (8

The number of SiCp in intimate contact with a matrix droplet, ns, can be computed from

0.5A fA dns- A (29)

The results obtained using Eqn. (29) were found to be in excellent agreement with those

dctermined experimentally, as shown in Figure 29b.

Once the number of SiCp in contact with one matrix droplet has been determined, and

assuming Newtonian conditions ( i.e., the temperature gradient within the droplet is
netligible 138, 72]), the overall rate of conductive heat transfer, qt , can be computed

from

q r = U A (T2- TI) (30a)

The value of overall heat transfer coefficient, U, used in Eqn. (30a) can be obtained from

U = I/(La/Ka +LSiC/KSiC) (30b)

Eqn. (30b) takes into consideration the serrated surface associated with SiCp (see Figure

30). The voids/facets present will lead to the formation of cavities when the SiCp

attaches itself to the droplet. The cavities thus formed at the interface will contain the

atomizing gas or the carrier gas. The presence of the atomizing gas/carrier gas at the

interface between the droplet and the particulate will affect the heat transfer from the

droplet to the SiCp. It is hence expected that the physical properties of the atomizing

gas/carrier gas will have an influence on heat transfer between droplet and SiCp.

in oider to determine the magnitude of the overall heat transfer of thermal energy, one

must consider in detail the effects of the SiCp on the surface of the droplets. The SiCp

will have two opposite effects on the transfe;r of thermal energy from the matrix dioplets.

On the one hand, since the ceramic particulates are injected at room temperature, a



92

portion of the thermal energy losses can be accounted for by considering conductive heat

transfer from the droplet to the particulates. On the other hand, however, the presence of

ceramic particulates on the surface of the atomized droplets will inhibit convective heat

transfer from the droplets to the atomization gas. Therefore, it is necessary to compensate

for the rate of conductive heat transfer qlr, computed from Eqn. (30). This can be

achieved by subtracting the value of the effective convective heat transfer due to the

presence of SiCp, 4 e, from the rate of conductive heat transfer, 4r. The effective

convective heat transfer due to the presence of SiCp, 4 e, can be computed from

le =h A (T2 -T 1) (31)

In Eqn. (14) the heating of the particulate was neglected due to the cooling effect

associated as a result of high velocity of atomizing gas (see Table 14).

In turn, one can take the value of 4lr and 4 e and multiply it by the time of flight t, as

determined from
s = u(di).t +- - g.- t(di (32

s i~. 2 1(32)

and compute the total thermal energy transferred from the atomized droplets to the

ceramic particulates, during flight.

The velocity of the droplet at any flight distance can be calculated from momentum

considerations as discussed by Gutierrez et al [38].

Pd Vd dVd/dt= Vd(Pd- pg)g+(Ad/ 8 ) C gPg (vg vd) 1(vg -v )l (33a)

where

Cdrag = 0.28 + 6/NRe0-5 + 21/NRe (33b)

The two terms on the right hand side of Eqn. (33a) represent, respectively, the

gravitational force acting on the droplet and the accelerating force exerted on the droplet

by the atomizing gas. The equation used to determine Cdrag was obtained from

correlations available elsewhere [ 136].

Therefore the total amount of thermal energy lost by the atomized droplets to the SiCp, Q

(di)(sic, flight), is given by
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Q (di)(SiC, flight) = r t (di) ns - q e t (di) ns (34a)

Q (di)(SiC, flight) = (Clr - Cle) t (di) ns (34b)

It must be noted that the average velocity of the SiCp was experimentally determined (on

the basis of the flow rate) to be - 63 m/sec using the present co-injection conditions. The

kinetic energy (K.E.= 0.5 x msi C x vsic 2) imparted by a single SiCp (d50 = 3 g.m) to a

droplet of size 84 .m (T = 916 K) at the injection point was computed to be 8.70 x 10 1

J. The magnitude of the total kinetic energy (ns = 42; K.E. = 3.65 x 10-9 J) will give rise
to a temperature differential (AT) of -3.66 x 10-3 K. In view of such a small temperature

increase the heat-up of the droplets due to the absorption of kinetic energy from the

particulates may be safely ignored in the present study.

The total amount of thermal energy transferred during flight, QToa,, can be calculated as

QTotal = y Q (di)(SiC, flight) n(di) (35)

It must be noted that Eqns. (21-35) were used in the present study to isolate the effect

associated with SiCp in transferring the thermal energy from the droplets. The convective

heat losses from the droplets were calculated using a model described elsewhere and

briefly summarized in Eqns. (20a-20e) [38, 128-134]. The results shown in Figures 33

and 34 incorporates the convective heat loss to the atomizing gas.

3.4.2.3. Heat Transfer During Deposition. In the previous section, a methodology has

been described which can be used to compute the thermal energy dissipated by the SiCp,

prior to impact with the deposition surface. In this section, we intend to describe the

second part of the mathematical model, namely the thermal behavior after deposition and

impact. The total thermal energy content of the spray at the moment of impact with the

deposition surface can be computed taking into account Eqn. (25). It is worth noting,

however, that the temperature and fraction solid of the powder size distribution at the

deposition point will be substantially different as compared to the conditions present

during injection of the SiCp.

The amount of thermal energy required to bring the SiCp to the deposit temperature can

be calculated from
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wt. % si CSiCTQ - S 100 'mdeposit CSiC[T d T 1] (36)

It then follows that the percentage of thermal energy dissipated by the SiCp, using the

aforementioned assumptions, can be calculated as

% Q Deposi=on - H xl00 (37)
spray, deposition

It must be noted that while calculating the deposit temperature, the enthalpy of the spray
in presence of SiCp, H spray,SiC ' was used at the deposition distance, which incorporates

the heat loss from the droplet as a result of convection (atomizing gas) and due to the

presence of SiCp.

3.4.3. Numerical Results

A mathematic,' representation has been developed in the present study to quantify the

changes in thei inal energy of an atomized droplet distribution derived from the presence

of a distribution of randomly mixed ceramic particulates. The first part of the model

computes the thermal energy of the atomized droplet during flight, whereas the second

part addresses the transfer of thermal energy after impact and deposition.

In computing the number of SiCp in intimate contact with a matrix droplet (Eqn. (29), it

was assumed that only half of the surface area of the droplet is covered by SiCp. The

computed number of particulates per droplet, ns, was found to be in good agreement with

experimental results obtained from scanning electron microscopy observations of the

overspray powders (see Figure 29). It is further assumed in Eqn. (29) that complete

penetration of the ceramic particulates into the metallic matrix does not occur readily, and

therefore some proportion of the area of the particulate will be exposed to the

atmosphere. This appears to be reasonable on the basis of a simple comparison of the

impact force of the ceramc particulates per unit distance (6.50 x 10-4 N/m) to the surface

tension of the droplets (0.914 N/m). The overall heat transfer coefficient used in Eqn.

(30a) was estimated as 6.70 x 105 J/sec m2 K considering the thermal conductivity of the

particulate / particulate-metal interface as a series resistance [ 137].
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There are some comments in order regarding the calculation of thermal energy transfer

during deposition, as discussed in Section 4.2.3. In computing the transfer of thermal

energy required to bring the SiCp to the deposit temperature, radiative energy losses to
the environment, and conductive heat transfer into the water cooled substrate were
ignored. This assumption is supported by the experimental [106] and computational [38,

71, 72] results of other investigators, which show that the cooling rates during the
solidification of the deposit were on the order of 1-10 C/second, and therefore, the rate at

which thermal energy is lost to the environment will be relatively slow as compared to

the rate at which thermal equilibrium is achieved within the deposit. Moreover, the

radiative energy losses to the environment and conductive heat transfer to the water

cooled substrate will be common to both unreinforced and reinforced materials.

Regarding the transfer of thermal energy to the SiCp, the results given in Table 17 and

Figures 35-36 show that co-injection of 10 volume fraction of SiCp decreases the total
enthalpy during flight ( i.e., prior to impact with the deposition surface) by 10%.
Furthermore, the results also show that 10% of the thermal energy available after impact
will be consumed during the process of equilibrating the temperature of the SiCp with

that of the spray deposited material. Regarding the effect of volume fraction of

reinforcement on the transfer of thermal energy, the results shown in Figures 36-37
suggest an almost linear trend. In related studies[ 381 it has been shown that the grain size

of the spray deposited material decreases with increasing volume fraction of

reinforcement (see Tables 15 and 18). These results, in combination with the present

experimental findings summarized in Table 15, suggest that the presence of a distribution

of ceramic particulates during spray atomization and co-deposition leads to a reduction in
grain size. Furthermore, the results of the numerical model described in this paper

suggest that this decrease in grain size may be partially attributable to the transfer of
thermal energy from the atomized droplets to the co-injected ceramic particulates.

Experimental support to this suggestion is provided by the temperature profiles obtained

during experiments 11 and 13 (conducted utilizing identical processing parameters) as

shown in Figure 31 . These results show that the average temperature during deposition
of the SiCp containing material was substantially lower than that recorded during

deposition of the unreinforced material.
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Table 17. Results of Heat Transfer Computations for Reinforced and Unreinforced Al-Li

Material.

Fli2ht distance
0.21 m(1) 0.41 m(2) After deposition

Spray Enthalpy (kJ/kg) 1230 1094

(Al-Li material)

Spray Enthalpy (kJ/kg) 1230 968 871
(Al-Li-SiCp material)

Percent heat transferred 10 % 10 %

due to the presence of SiCp

(1) SiCp injection distance
(2) Deposition distance

Table 18. Volume Fraction of Reinforcement and Corresponding Grain Sizes for Spray
Atomized and Co-deposited 6061 Al Alloy 1124].

Matrix SiCp size Volume fraction Grain size
material (tm) (V, %) (wit)

6061 ---- ---- 33.6 ± 9.9

6061 3.0 2.6 ± 0.3 25.5 ± 6.0

6061 3.0 5.2 ± 0.2 22.5 ± 6.6

6061 3.0 11.5 ± 1.7 20.5 ± 5.5



97

2200 _ _ _ _ _ _ _ _ _ _ _ _ _ _ _ _ _ _ _ _ __ 2200
2 H (KJ/Kg)

2000 -- H(KJ/Kg) SiC 2000 G

800 1800
U

600 1600

1400- 1400 >

5)200- 1200

1000- 1 E!

800 800

600 600
0.0 0.1 0.2 0.3 0.4 0.5

Flight distance, d (m)

Figure 35. Graphical representation of the effect of SiCp on the heat transfer

during spray atomization and co-deposition of Al-Li-SiCp metal matrix

composites.
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Figure 36. Graphical representation of the effect of volume fraction of SiCp on the

heat transferred during atomization stage and deposition stage of Al

based metal matrix composites.
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Figure 37. Graphical representation of the effect of volume fraction of reinforcement

on the total heat transferred during spray atomization and co-deposition of

Al based metal matrix composites.

3.5. Conclusions

The primary conclusions that may be drawn from this work are as follows:
1. The observed decrease in grain size which results from the co-injection of ceramics

during spray atomization and deposition is influenced by the transfer of thermal energy

from the atomized droplets to the co-injected ceramic particulates.
2. Numerical analysis of the transfer of thermal energy shows that co-injection of a

distribution of SiCp decreases the average enthalpy during flight (i.e., prior to impact
with the deposition surface) by 10%. Furthermore, the results also shows that 10% of the
thermal energy available after impact will be consumed during the process of
equilibrating the temperature of the SiCp with that of the spray deposited material.
3. Finally, further work is required in order to determine the effects of the ceramic

particulates on the solidification mechanisms during atomization.
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CHAPTER 4

4.0 The Effect of Ceramic Reinforcements During Spray Atomization and Co-
Deposition of Metal Matrix Composites: Part II. Solid State Cooling Effects
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4.1. Introduction

In Chapter 3 [138], it was demonstrated that the co-injection of ceramic particulates

during spray atomization and co-deposition promotes a reduction in grain size. In order
to provide insight into the effects of the ceramic particulates on microstructural evolution,

a model was formulated [138] to account for the transfer of thermal energy from the

atomized matrix to the ceramic particulates during two stages: a) atomization and b)

deposition. The numerical results obtained using SiCp in an aluminum matrix show that

10% of the enthalpy of the atomized spray is transferred to ceramic particulates during

atomization, whereas 10% of the thermal energy available after deposition will be

consumzd in the process of equilibrating the temperature of the particulates to that of the

matrix. In addition, solidification effects were also considered [124] , although a

thorough study of this phenomenon was outside of the scope of the work.

In the present study, the effects of SiCp on the microstructure during solid state cooling

(e.g., after the matrix/particulate mixture has arrived on the substrate) were investigated

with particular emphasis on the rate of grain growth. To identify the role of SiCp during

grain boundary migration, the reinforced and unreinforced materials were exposed to

various isothermal heat treatments.

4.2. Experimental Procedure

The details of the processing and the microstructural analysis were described in Chapter 3

[ 138]; other relevant details are given below.

4.2.1. Thermomechanical Treatment

Following spray atomization and co-deposition, thermal treatment was conducted on as

-spray deposited, and spray deposited and hot extruded samples of reinforced and

unreinforced Al-Li materials. The extrusion step was accomplished using an 82.7 MPa

press at a temperature of 400 'C and with an area reduction of 16:1. The extrusion step

was used in the present study in order to close the micrometer size porosity normally

associated with spray atomized and deposited materials [31-35, 117, 118, 1231.
Following spray atomization and co-deposition, samples from experiments 5 and 10 were

isochronally annealed at 400 'C and 600 'C for time intervals up to 100 minutes in order

to study the effects of temperature and time, on grain growth. In order to restore the grain
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size obtained after extrusion to that obtained immediately after spray deposition, as-spray
deposited and hot extruded samples from experiments 5 and 10 were given a normalizing
treatment, which consisted of thermal annealing at 400 'C for 40 and 30 minutes,
respectively before being annealed further at 400 "C and 600 *C. Finally, as-spray
deposited samples from experiment 11 were annealed at 400 "C for 100 minutes in order
to study the segregation of constituent elements and the presence of precipitated phases in
regions adjacent to porosity.

4.2.2. Scanning Electron Microscopy (SEM)

SEM studies were conducted using a HITACHI S-500 microscope. The samples were
sectioned to a thickness of 0.5 cm and mirror polished using conventional techniques.
The polished samples were then examined in secondary electron mode for microstructural

details; point analysis was carried out at selected regions of the sample surface to detect
the presence of constituent elements.

4.3. Results

4.3.1. Microstructural Characterization

In order to characterize the size, distribution, and location of SiCp in the Al-Li matrix,
image analysis was conducted on a number of samples taken from experiment 5. The
size and distribution of the SiCp obtained from image analysis were then used to compute
the SiCp interparticulate spacing according to the formula discussed by Nardone and

Prewo [7]

(I t / vf)1/2  (10)

where X is the interparticulate spacing; and t, I and Vf are the thickness, length, and

volume fraction of the SiCp, respectively (see section 2.3.2.2 also). For the present case,
the dimensions of SiCp is characterized by the equivalent diameter, d. The value of X ,
was calculated by assuming I=t=d [139]; this assumption is reasonable in view of the

equiaxed geometry of the particulates. The results of the image analysis and the
computed interparticulate spacings, X, for experiment 5 are shown in Table 19.
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Scanning electron microscopy of samples removed from the central portion of the spray

deposited material from experiment 11 revealed the presence of a finite amount of

unconnected porosity (see Figure 38). The micron sized pores were preferentially located

Table 19. Results of Image Analysis of AI-Li-SiCp Composite.

Equivalent Volume Fraction(c) Inerparticulate

Sample #(a) Diameter(p.m)(b) (%) Spacing(d)

Min. Max. Mean a Min. Max. Mean a (k, lam)

#5 A 0.57 09.00 2.70 2.01 1.92 08.33 3.49 1.82 14.48

#5 B 0.57 10.00 2.71 2.10 2.89 06.15 4.56 1.13 12.69

#5 C 0.57 12.00 2.10 1.76 4.40 13.44 7.89 1.91 07.48

(a) A, B, C designations refer to top, center and bottom regions, respectively, of the spray
deposited AI-Li-SiCp.

(b) The equivalent diameter is a measure of the size of the SiCp.
(c) These values of the volume fraction were determined using quantitative metallography.
(d) These values were computed from Eqn. (10).

at the grain boundaries, and exhibited an irregular, facetted morphoiogy. The distribution

of pores in the as spray deposited microstructure was found to be bimodal, with a large

proportion of pores in the 1-2 gam and 6 .m size ranges. In addition, the results of the

scanning electron microscopy also reveals the evidence of precipitation at the free surface

of the porosity (see Figure 39) in the as spray deposited sample taken from experiment

11. The results of elemental point analyses condlicted on the porosity and at 2 and 10

.m from the porosity after thermal exposure of the samples at 400 'C for 100 minutes,

are shown in Figure 40.
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Figure 38. SEM micrograph showing the presence of unconnected porosity in the as-
spray deposited sample taken from experiment 11.

Figure 39. SEM micrograph showing the evidence of precipitation at the free surface of

the porosity in the as-spray deposited sample taken from experiment 1:.
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(a)

(b)

(c)

Figure 40. Results of the EDAX point analyses conducted at various locations in the

spray deposited Al-Cu material: a) inside a pore, b) 2 gim from a pore and c)

6 gm from the pore.
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Metallographic analysis was conducted on coupons of the spray deposited Al-Li, Al-Cu,

AI-Li-SiCp and A-Cu-SiCp materials. The microscopy studies revealed the presence of

equiaxed grains. This grain morphology has also been reported by other investigators
[36, 37, 58, 63, 64, 102, 103, 140]. A more thorough discussion regarding the equiaxed
grain formation was described in section 1.4.2.

4.3.2. Grain Growth Behavior

In order to provide insight into the effects of the SiCp on the microstructure during solid

state cooling, grain growth studies were conducte". un the samples taken from

experiments 5 and 10. The grain sizes were determined using the linear intercept method
after isochronal anneals at 400'C and 600'C (see Table 20 and Figure 41). The results of
grain size measurements shown in Figure 41 indicate a logarithmic trend of grain

Table 20. Results of the Grain Size Measurements for Different Intervals of Time and

Temperature for As Spray Atomized and Deposited Samples of Al-Li and Al-
Li-SiCp Materials.

Material AI-Li/40 0'C AI-Li-SiCp.4. 0C A A i-DQC

Time Grain size Grain size Grain size Grain size

(min) (JIM) (i) (.un) (Pim)

Oa 75.0 ± 3.2 68.0 ± 2.2 75.0 ± 3.2 68.0 ± 2.2
1 76.0±4.1 70.0±2.1 140.0±8.5 81.0±4.5

10 79.0 4.8 75.0 2.4 152.0 9.5 88.0 4.7
50 145.0 8.2 92.0 2.4 230.0 8.9 101.0 2.8

100 175.0 9.8 95.0 1.4 261.0 5.2 110.0 8.2

• time 0 refers to as-spray deposited grain size.

growth with time for both the Al-Li and AI-Li-SiCp materials. Not unexpectedly, it can
be seen that the rate of grain growth of the Al-Li-SiCp material at 4000C and 600'C is
lower than that of the Al-Li material. The microstructure of both the as-spray deposited
binary Al-Li alloy and the SiCp reinforced Al-Li alloy consisted of equiaxed grains,

before and after the isochronal heat treatments (see Figures 42-43).
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The results of grain growth studies conducted on as-spray deposited and hot extruded

samples of the Al-Li and A1-Li-SiCp materials are summarized in Table 21. The results

presented in this table show that at 400 'C the rate of grain growth of the Al-Li-SiCp

material was higher than that observed for the Al-Li material, while this trend was

reversed at 600 *C. It is worthwhile noting that the as-spray deposited and hot extruded

samples were given a normalizing treatment, following the hot extrusion, in order to

restore the initial grain size (see Table 21) to that obtained after spray deposition (see

Table 21), and thereby provide a valid comparison; this normalizing treatment was

described in the experimental section. In order to gain some insight into the effects of

porosity on grain growth, the results in Tables 20 and 21 show that the presence of

porosity retards grain growth in the SiCp containing material whereas the presence of

porosity either increases (400 'C) or has no significant effect (600 0C) on grain growth

on unreinforced Al-Li samples exposed for more than fifty minutes. Not unexpectedly,

however, a monotonic increase in grain size with temperature was noted for all samples,

regardless of the presence of porosity (see Tables 20 and 21).
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Figure 41. Graphical representation of the logarithmic grain growth relationship

observed in as-spray deposited Al-Li and A]-Li-SiCp metal matrix

composites.
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Figure 42. Optical micrograph showing equiaxed grain morphology of a spray

deposited Al-U sample taken from experiment 10, heat treated at 4000C

for 100 min.

Figure 43. Optical micrograph showing equiaxed grain morphology of the spray

deposited Al-Li-SiCp sample taken from experiment 5, heat treated at

6000C for 100 min.
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Table 21. Results of the Grain Size Measurements for Different Intervals of Time and

Temperature for Extruded Samples of Al-Li and A1-Li-SiCp Materials.

Material AI-Li/400°C A40. ° ° AjL- °C_

Time Grain size Grain size Grain size Grain size

(min) (pin) (Pin) (pn) (pm)

0a 76.0 4.9 65.0 ± 2.7 76.0± 4.1 65.0 ± 2.7

1 80.0±7.6 81.0±3.2 165.0±7.1 100.0±5.8

10 87.0±4.6 95.0± 6.6 207.0± 17.1 128.0± 13.4
50 99.0±9.1 108.0 12.4 211.0± 11.0 138.0± 10.0

100 104.0± 13.2 121.0± 3.6 251.0± 26.8 142.0± 27.3

a time 0 refers to as-spray deposited grain size achieved alfter normalizing heat treatment given to the spray deposited

and extumded samples.

4.4. Discussion

4.4.1. Solid State Cooling Effects

Once the distribution of solid, liquid, and mushy droplets impact the deposition substrate,

the newly formed grains will continue to grow during solid state cooling. In order to gain

some insight into the growth of grains in the reinforced and unreinforced materials,

kinetic analysis of the data given in Table 20 was used in the present study to calculate

the grain growth exponent. The grain growth exponent, n , represents the slope of the

line when the grain size (in mm) is plotted against time (in min) on a log - log scale [140-

142]. The empirical relationship correlating grain size, annealing time and grain growth

exponent may be represented as:

D = C.tn (38)

where D is the average grain diameter; t is the annealing time; and C and n are constants.

The numerical values of C and n depend on alloy composition and on annealing

temperature. The values of n have been reported to range from 0.05 to 0.50; a discussion

on the significance of the grain growth exponent, n, can be found elsewhere [143, 144].

The main assumptions involved in the development of Eqn. (38) are as follows: a) the
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grains have an equiaxed morphology, b) there is no prior deformation, and c) the grain

growth is normal [140-142]. Regarding the grain morphology, the presence of equiaxed

grains has been established in a previous section. In addition, the presence of

recrystallized grain morphology after hot extrusion and thermal treatment precludes any

significant effects of deformation on grain growth. Finally, the linear relationship

observed between grain growth and annealing time, as seen in Figure 41, provides

experimental basis to the assumption of normal growth. The results of grain growth

studies conducted on the as-spray deposited and extruded materials showed that this

material began to exhibit abnormal grain growth behavior after extended annealing times.

This is evident from the large standard deviations obtained from the grain size

measurements (see Table 21). Therefore, no attempt was made to calculate the grain

growth exponent for the extruded materials.

A few comments are in order regarding the values of grain growth exponent (n) obtained

in the present study. It can be seen from Table 22 that the value of the grain growth

exponent (n) for a constant temperature is lower for the Al-Li-SiCp material (0.065-

0.070) relative to that of the Al-Li material (0.139-0.187). Furthermore, the results also

show that the value of n decreases with an increase in temperature for Al-Li and Al-Li-

SiCp materials. On the basis of the results of other investigators [143, 144] one would

anticipate an increase in the value of n with temperature. While this anomalous behavior

of the Al-Li and Al-Li-SiCp materials is not clearly understood, it is thought to be related

to the segregation of alloying elements to free surfaces, and to the nucleation of

precipitated phases (see Figures 39 and 40). For example, the results of SEM/EDAX

studies shown in Figure 40 clearly suggest segregation of elemental copper to the matrix

regions adjacent to the porosity. A similar analysis could not be conducted for lithium as

a result of the limitations associated with the SEM/EDAX technique to dete, t the

elements with atomic number below 5. However, it is anticipated that the effect will be

more pronounced for lithium as a result of its high diffusivity in the aluminum matrix.

Regarding the effects of second phase precipitation on grain growth, one needs to

consider the composition of the binary alloy. On the basis of the binary Al-Li phase

diagram and the Li composition used in the present study, precipitation of the ordered L12

8' (AI3Li) phase can be anticipated at 400 *C [40]. In addition, annealing (500-600 0C) of

Al-Li alloys has been reported to result in the formation of 8 (AILi) phase at grain

boundaries [40].
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Table 22. Results of the Grain Growth Kinetic Studies.

Material n C

Al-Li /400 °C 0.187 0.067

Al-Li/600 °C 0.139 0.129

Al-Li-SiCp /400 °C 0.070 0.068

Al-Li-SiCp /600 0C 0.065 0.079

A qualitative explanation for the observation that as a result of isochronal anneals, the

grain sizes for Al-Li-SiCp samples are smaller than those for Al-Li may be offered as

follows. The presence of SiCp at the grain boundaries decreases the overall free energy

of the system by decreasing the available grain boundary area. Therefore, the

thermodynamic driving force for the grain boundary migration in the Al-Li-SiCp is

decreased, relative to that present in the Al-Li matrix. The results from optical and SEM

studies conducted on the as-spray deposited materials, show that the SiCp are located

both transgranularly and intragranularly within the Al-Li matrix; this is consistent with

previous findings (see also Table 19) [31). In addition to decreasing the effective grain

boundary area, the presence of SiCp at the grain boundaries may result in a drag force on

the boundary, effectively slowing grain boundary migration. Inspection of Figure 41 and

Table 20 shows that the grain size of the Al-Li alloy exposed at 400 °C for 100 minutes

was 175 gm, whereas the grain size of the Al-Li-SiCp at the same temperature and time

was only 95 gim. The same trend was observed at 600 °C for all exposure times (see

Table 20). It is anticipated that at low temperatures the dragging effect associated with

the presence of SiCp at the grain boundaries may be enhanced by the presence of a

dislocation network in the vicinity of the interface formed between the SiCp and the Al-Li

matrix. The presence of a dislocation network at SiCp/AI interfaces has been confirmed

by numerous investigators [16, 64], and has been proposed to develop as a result of the

large difference in coefficient of thermal expansion between SiC and Al. Furthermore,

the presence of a dislocation network at the SiCp/Al interface will enhance solute

segregation, which in turn will reduce the mobility of the grain boundaries. The
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preferential segregation of constituent elements at reinforcement/matrix interfaces has
been documented by various investigators [123, 1451. It must be noted that the presence
of SiCp in the matrix introduces strain energy due to the difference in coefficient of
thermal expansion between SiCp and the matrix. The strain energy thus introduced in the
lattice may have an influence in retarding grain growth as suggested in related studies

[146] and is the subject of continuing research work.

Regarding the effect of porosity on grain growth, the results shown in Tables 20 and 21
suggest that the magnitude of grain size of the as-spray deposited Al-Li-SiCp material is
21-23 % lower than that of the as-spray deposited and extruded Al-Li-SiCp material. The
presence of a fine distribution of pores at the grain boundaries will have a similar effect to
that of SiCp effectively slowing down grain boundary migration [146]. The results for
the Al-Li material are unexpected, however, in that the data shown in Table 21 suggest
that the presence of porosity increases the rate of grain growth, after a short transient.
The experimental results from Tables 20 and 21 show that the grain size of the Al-Li
material with porosity at 400 C100 min is 46 % higher than the corresponding grain size
of the extruded material under identical conditions. This unusual behavior, analogous to
the decrease in the value of the grain growth exponent with temperature noted previously,
is thought to be related to elemental segregation and to the nucleation of secondary
phases, and is the subject of continuing studies.

4.5. Conclusions

The primary conclusions that may be drawn from this work are as follows:

1. The observed decrease in grain size which results from the co-injection of ceramics
during spray atomization and deposition is influenced by a decrease in grain boundary

migration during solid state cooling.

2. The sharp decrease in the rate of grain growth, observed in the present study for the

SiCp containing material, suggests that the SiCp effectively slow grain boundary
migration. This observation is supported by kinetic analyses of the grain growth data,
which showed that the values of the grain growth exponent in the 400-600 °C
temperature range were 0.065-0.070 and 0.139-0.187 for the AI-Li-SiCp and Al-Li
materials, respectively.
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3. Finally, further work is required in order to identify the role of porosity in affecting
the grain growth behavior of monolithic Al-Li alloy.
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CHAPTER 5

5.0 Wetting and Interfacial Reactions in AI-Li-SiCp MMCs Processed by Spray

Atomization and Deposition



114

5.1. Introduction

Systematic studies of metal/ceramic interfaces were initiated in the early 1960's [148].

It is now widely accepted that in order to maximize interfacial bond strength in MMCs,

it is necessary to promote wetting, control surface interactions, and minimize oxide

formation. Wetting is effected between a metal and a liquid when the strength of the

interfacial bond exceeds the surface tension of the liquid. Wetting is difficult to achieve

in molten metals due to their relatively high surface tension values (60- 2400 mJm-2).

There are, however, various techniques which can be utilized to improve the wetting

characteristics of MMCs. These techniques are based on the principle that the contact

angle formed in a molten metal/ceramic system can be decreased through: (a)

increasing the surface energy of the solid, (b) decreasing the solid/liquid interfacial

energy, and (c) decreasing the surface tension of the liquid metal. In practice, the bond

formed between the matrix and reinforcement can be enhanced by [98]: (a) applying

metallic coatings such as Ni and Cu to the ceramic particulates [149, 150], (b) alloying

the metallic matrix with reactive materials such as Li, Mg, Ca, Ti, Zr, and P, to reduce

the surface tension of the melt and/or the solid/liquid interfacial energy, and to induce

chemical reactions at the interface [87, 109, 151, 152], and (c) heat treating the ceramic

particulates in order to promote desorption of adsorbed gases from the ceramic surfaces

[153]. The principles underlying these practices are discussed subsequently.

Wetting can be promoted in certain metal/ceramic systems through additions of

elements which have a high affinity for oxygen, such as elements in groups I and II of

the periodic table, e.g., Li and Mg in aluminum alloys [109, 151]. These elements

segregate to the interfacial region and weaken any oxide layers present [154]. For the

case of Mg additions to aluminum, for example, additional improvements in wetting

behavior result from a decrease in surface tension, as a result of the low surface tension

of Mg (0.599 N/m) relative to that of aluminum (0.760 N/m). The addition of 3 wt.%

Mg to Al reduces the surface tension from 0.760 to 0.620 N/m [87]. Furthermore, the

addition of reactive elements to the melt can also enhance wetting by promoting

interfacial reactions. For example, chemical reactions have been observed to occur

readily between A120 3 and divalent transition metal oxides to form aluminate spinels

such as MgO-AI20 3 [152]. Such mineral spinels or oxides promote interfacial bonding,

since they form strong bonds between both metals and ceramics.
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From the above discussion, it is apparent that some interfacial activity will be beneficial

to the wetting behavior of MMCs. In the presence of high processing temperatures,

however, extensive interfacial reactions with concomitant degradation in the

metal/ceramic bond will have an adverse effect on mechanical behavior. Hence, the

formation of extensive interfacial reactions must be avoided and the thermodynamic

activity of certain elements during processing must be controlled. In the A1/SiC system,

for example, intermediate phases such as A14 C 3 and AI4 SiC4 may form during thermal

exposure either as a continuous layer or isolated precipitates [155]. At temperatures

above the melting point of Al, SiC reacts with molten Al according to the following

reactions:

4AI + 3SiC = A14 C3 + 3Si (39)

4A1 + 4SiC = A 4 SiC 4 + 3Si (40)

In the case of reaction 1, further growth of the reaction products occurs by solid state

diffusion through the formed A14 C3 layer. In the case of reaction 2, however, the

reaction continues by the dissolution of the SiC into the molten Al matrix. It is

important to note, however, that the presence of the AI4SiC 4 phase has not been

confirmed experimentally. Although the bond formed between the SiC and A14C3 is

generally strong, the topology of the resulting A14C3-SiC interface can be highly

irregular when the original interface is irregular, or if there is dissolution/growth

reaction between SiC and liquid Al. The irregular topology of the interface may

promote stress localization during deformation. This is best exemplified in the

C(graphite)/Al system, where the presence of cracks, cavities and voids, formed at the

C/A14C3 interface introduces additional mechanisms of crack nucleation and

propagation, relative to those active in the unreinforced metal [156]. In addition to

extensive interfacial reactions, high processing temperatures will promote oxide

formation and segregation of the constituent elements [156-1581. Segregation of

elements such as Cu and Mg from grain interiors will promote localized corrosion, and

limit precipitation-hardening mechanisms.

The various processing techniques developed in past few decades to fabricate MMCs

have been discussed by various investigators [20-24, 26, 29, 30-35, 121, 149]. A review

of the available literature on particulate reinforced MMCs may be found elsewhere

[19].
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Although the results of recent studies [31-35] suggest that spray atomization and
deposition processes can be successfully utilized to incorporate ceramic reinforcements
into a metallic matrix with minimal reactivity, there exists no information on the
mechanisms affecting the wetting behavior of the reinforcements during processing.
Therefore the objective of the present study was to provide insight into the wetting and
interfacial behavior of Al-Li-SiCp MMCs processed by spray atomization and co-
deposition, a spray atomization and deposition technique, with particular emphasis on
wetting characteristics and interfacial reactions.

4.2. Experimental Procedure

5.2.1. Materials

Reynolds Metals Company provided the aluminum-lithium master alloy as cast ingots,
100 mm x 200 mm x 600 mm. The ingots were inspected for major defects, and

chemically analyzed in preparation for atomization. The chemical analysis of the
remelted alloy was Al-2.1wt% Li. The selection of an Al-Li binary alloy (solid
solution) as a matrix material was prompted by the results of Wolf et al. [109] and
Delannay et al. [87]. Their work indicates that lithium enhances the wettability of

ceramic particulates by molten metals by segregating to the interfacial region and
weakening any oxide layers present. In addition, lithium effectively reduces the density

and increases the modulus of the MMCs [40].

The details regarding the type, size and distribution of SiCp has been addressed in

section 2.2.

5.2.2. Spray Atomization and Co-deposition Processing

The details of the spray atomization and co-deposition processing has been described in
section 2.2.1. Five experiments were conducted for this study. The primary experimental
variables used during each experiment are listed in Table 6 (see section 2.2 also).

5.2.3. Structural Characterization

In order to study the resulting microstru-ture and phases, metallographic samples were
prepared from various locations in the as-spray deposited A1-Li-Si'p MMCs. The
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microstructural studies were conducted: (a) on the as spray deposited material, and (b) on

the as-spray deposited material after two isochronal anneals at preselected temperatures.

The details of the thermal exposure are given in Table 23. In addition, some of the as-

spray deposited materials were machined into a square prism, of cross-section 1.Oxl.0
cm 2 , and fractured at room temperature. The resulting fracture surfaces were then

analyzed.

Table 23. Specimen Thermal History.

Designation Conditions

Htl as-spray deposited condition

Ht2 as-spray deposited + heat treated at 6000C for 2 hours

Ht3 as-spray deposited + furnace re-melting under a flow of

argon atmosphere at 8700C for 1 hour.

The heat treatment temperature of 600 *C shown in Table 23 was selected on the basis of

the AIISiC phase diagram (see Figure 44). As shown in this figure, the A14 C 3 phase is

thermodynamically stable at this temperature.

The microstructural characterization was accomplished using optical microscopy,

transmission electron microscopy (TEM), scanning electron microscopy (SEM) with

energy dispersive x-ray spectroscopy (EDS), and x-ray diffractometry (XRD).
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Figure 44. Phase diagram of Al-SiC system [155].

5.2.3.1. Optical microscopy (OM)

Optical microscopy was conducted on polished and etched, as-spray deposited samples

using conventional and Differential Interference Contrast (DIC) techniques. The size,

volume fraction and distribution of the SiCp was characterized from the optical

micrographs using a Buehler Omnimet II Image Analyzer.

5.2.3.2. Transmission Electron Microscopy (TEM)

Transmission electron microscopy was performed on a JEOL 100 C at an operating

voltage of 100kV. The TEM specimens were prepared by sectioning and mechanical

polishing into thin foils of about 0.1-0.5mm in thickness. The foils were then chemically

polished to perforation, using the window technique in a 1:2 solution of HNO 3 and

methanol at approximately -20 0C and a voltage of approximately 1OV.

5.2.3.3. Scanning Electron Microscopy (SEM)

SEM studies were conducted using a HITACHI S-500 microscope. The samples were cut

to a thickness of 0.5 cm and mirror polished using conventional techniques. The polished

samples were then examined in secondary electron mode for microstrucutral details; point

analyses were carried out at selected regions of the sample surface to detect the presence

of reaction products. SEM/EDS analyses were also conducted on as-deposited and

fractured Al-Li-SiCp specimens in order to avoid surface contamination during
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metallographic preparation. The exposed SiCp on the fracture surface were then analyzed

by varying the accelerating electron voltage (10, 15, 20, and 25keV) and measuring the

intensity of the Al and Si x-ray peaks at different depths throughout the thickness of the

particulates.

5.2.3.4. X-ray diffraction (XRD)

X-ray diffraction analysis was conducted on spray deposited samples in the Htl and Ht3

conditions (see Table 23). Thin samples were exposed to Cu Ka radiation (X = 1.5418A ° )

using a scanning speed of 2 deg/min. A plot of intensity versus 20 was obtained,

illustrating peaks at different Bragg angles. The Bragg angles corresponding to different

peaks were noted and the values of interplanar spacings, d', was calculated from Bragg's

law (X = 2dsin0). The values of 'd obtained were then matched with standard values for

aluminum and other phases.

5.3. Results

5.3.1. Structural Characterization

The as-spray deposited materials exhibited a discoidal geometry, 50 mm in height by 150

mm in diameter. The height of the deposits decreased from a maximum of 50 mm at the

center, to a minimum of 5 mm towards the periphery. The density of the as-spray

deposited materials ranged from 2.4 g/cm3 to 2.6 g/cm 3. These density values correspond

to approximately 88 - 97% of the theoretical density, as computed for an Al-Li-5 vol.%

SiCp material.

5.3.2. Optical microscopy (OM)

Optical microscopy was conducted on coupons of the spray deposited Al-Li/ SiCp

material; one example is shown in Figure 45a. This figure reveals the presence of an

equiaxed grain morphology with an average grain size of 65 g m. This grain morphology

has also been reported by other investigators [63, 64, 66]. The average grain size for

experiments 5 to 9 was in the range of 66-71 im; the as cast Al-Li grain size was 207

gam. Optical micrographs of the deposits were taken using Differential Interference

Contrast (DIC); one example is shown in Figure 45b. The use of DIC technique

facilitated the identification of the distribution of the SiCp in the matrix.
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Figure. 45. Optical micrograph showing: (a) the grain structure of the as-spray

deposited material and (b) SiCP, distribution in the matrix.
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5.3.3. Image Analysis

The results of image analysis were described in section 2.3.2.2 (see Table 9 also).

5.3.4. Transmission Electron Microscopy (TEM)

Transmission electron microscopy studies were conducted on samples of the as-spray

deposited materials in the Htl, Ht2 and Ht3 conditions ( see Table 23). A representative
view of the as-spray deposited Al-Li-SiCp microstructure is shown in Figure 46. This
figure shows the presence of a highly irregular Al-SiC interfacial region. In some regions
of the TEM samples, the particulates could be seen suspended by thin ligaments of the
matrix across narrow interfaces. In addition, a high dislocation density in the matrix
region surrounding the particulates was also noted (See Figure 46).

V

Figure 46. Representative TEM micrograph of the Al-Li-SiCp in the Ht2 condition.

5.3.5. SEM/EDS

Scanning electron microscopy of samples removed from the as-spray deposited Al-Li-
SiCp materials revealed the presence of a finite amount of non-interconnected porosity.
The micron size pores were randomly located throughout the microstructure, and
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exhibited a near elliptical morphology. The distribution of pores was found to be

bimodal, with a large proportion in the 1- 2 pm and 10-20 gm size ranges; the volume

fraction of porosity was estimated to be approximately 3-12 % throughout the material.

(a)

• H:

Figure 47. Representative SEM micrograph showing: (a) the fractured surface of the

as-deposited Al-Li-SiCp, and (b) the presence of reaction products in the

remelted Al-Li-SiCp material (Ht3 condition).
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Figure 48. Concentration of Al and Si as a function of penetration in the SiCp for the

as-spray deposited material.

Representative SEM micrographs of the deposited Al-Li-SiCp MMCs are shown in

Figure 47 for the Htl and Ht3 conditions. Figure 47a illustrates the morphology of the

fractured surface corresponding to a sample in the Htl condition. The surfaces of the

particulates shown in Figure 47a exhibit an irregular, faceted morphology. Detailed

examination of the fracture surface revealed that particulate fracture, rather than pullout,

during deformation, suggesting a strong interfacial bond. Figure 47b shows the extensive

interfacial reaction which occurs between the SiCp and the Al-Li matrix during remelting

of the Al-Li matrix (Ht3 condition).

The results of EDS analyses conducted on the as-spray deposited material (Htl condition)

are shown in Figure 48. The results shown in this figure correspond to the location shown

in Figure 47a. The relative concentration of the constituent elements were calculated from

the intensity of the x-ray beam, and are plotted in Figure 48 as a function of depth of

penetration into the SiCp. The depth of penetration, R, of an electron beam into a SiCp

was computed from 11591:



124

R = (4120/Pa)En (41)

where n = 1.265 - 0.0954 In E, E = primary electron energy (in MeV), and Pa = density of

absorbing media (in g/cm 3). The results obtained using Eqn. (41) show that the
accelerating voltages used in the present study, namely 10, 15, 20, and 25 keV,
correspond to penetration depths of 0.519, 1.218, 2.189, and 3.413 .m, respectively.

Finally, the relative concentrations of the constituent elements corresponding to the

location shown in Figure 47b, (Ht3 condition), are shown in Figure 49. The results shown
in Figure 49 show that the Al/SiC interface contains 0, C, Si and Al. In this figure, the
location designated as Matrix I rtfers to a region approximately 2 pm from the
interface, whereas location designated as Matrix 2 was approximately 10 rn away from
the interface.

120-
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- Aluminum
• 60 U Silicon

U Oxygen
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40
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0*-
Matrix 1 Partide Interface Matrix 2

Figure 49. Histogram of the Al-Li-SiCp material in the Ht3 condition showing the
relative intensities of SEM/EDS signals for Al, Si, 0, and C. The Matrix I
and Matrix 2 designations refer to EDS analyses conducted on the matrix at

distances of 2 and 10 gtm, from the interface , respectively.
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5.3.6. X-ray diffraction (XRD)

The x-ray diffraction spectra corresponding to samples in the Htl and Ht3 conditions
were analyzed. The lattice spacings (d) corresponding to the observed Bragg angles are

shown in Table 24. Also included in this table are the standard lattice spacings
corresponding to pure Al, SiC, A14C3, AlSiC, A120 3 and A12Mg3 . The XRD spectrum

corresponding to the as-spray deposited AI-Li-SiCp material (Htl) indicates the presence
of pure aluminum. The XRD spectrum corresponding to the re-melted Al-Li-SiCp
material (Ht3), however, exhibits additional peaks. Inspection of Table 24 suggests that
these additional peaks correspond to A120 3. The absence of x-ray peaks corresponding to

SiC, A14C3 and AISiC phases was thought to result from the relatively low volume

fraction of SiCp present in the samples utilized for the XRD study ( see Table 9).

Table 24. Results of X-ray Diffractometry Studies.

Htl sample

Angle I 36.4 39.0 45.3 54.6 60.6 65.8 78.8 82.9
Calculated d I - 2.36 2.00 - - 1.42 1.21 1.16
values
Band size(%) I - 60 100 - f15 21 10

Ht3 sample

Angle I 36.4 39.0 45.3 54.6 60.6 65.8 78.8 82.9
Calculated d I 2.47 2.36 2.00 1.68 1.53 1.42 1.21 1.16
values
Band size(%) I 10 100 59 5 5 36 35 13

Standard d values

A] I 2.338 2.025 1.432 1.221 1.169
A12 0 3  I 2.379 1.601 1.510
A12Mg 3  I 2.48 1.60 1.52
Al-Li I 2.26 1.92 1.58
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5.4. Discussion

5.4.1. Grain Structure

The experimental results show that the grain morphology of the as-spray deposited

material is equiaxed; this observation is in agreement with previous findings [38, 63, 64,

66]. The mechanism proposed for equiaxed grain formation has been described in section

1.4.2.

Comparison of the grain size of the spray deposited Al-Li binary alloy to that of the Al-

Li-SiCp material indicates that the presence of the SiCp effectively reduces the grain s:ze

by approximately 10 %. The finer grain morphology of the Al-Li-SiCp is thought to result

from a combined effect of three distinct mechanisms: enhanced heat transfer, increased

solidification prior to impact, and grain boundary pinning effects. During flight, the SiCp

spray from the fluidized bed effectively enhances the convective heat transfer from the

matrix droplets as a result of its lower temperature ( the particulates are injected into the

matrix spray at room temperature) and high relative velocity. The high relative velocity

between the atomized droplets and the SiCp carrier gas is a direct result of the injection

angle (see Table 6). Further work is in progress in this area in order to develop an

understanding of the effects of the reinforcements on the resulting microstructure during

spray deposition.

Regarding the presence of pores in the as-spray deposited material, the observed irregular

morphology of the pores suggests that porosity develops from interstices formed as

droplets impact on one another. This is consistent with the findings of other investigators

[63, 64, 66]. A discussion on the origin of porosity in spray deposited materials can be

found elsewhere [32, 37).

The high dislocation density observed in the Al-Li matrix adjacent to the SiCp is in

agreement with previous findings [16, 64]. The high dislocation density observed in

MMCs is thought to result from the large difference in coefficient of thermal expansion

(CTE) of Al and SiC (10:1) which causes thermal mismatch strains, E, between

reinforcement and matrix during solid state cooling. These strains are relaxed by the

formation of a dislocation network, which in turn, will alter the response of the MMC to

themomechanical processing, relative to that of unreinforced alloys [ 15, 16, 155].
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5.4.2. SiC. Size and Distribution

The results shown in Table 9 indicate that there were variations in the volume fraction of

SiCp with spray deposited thickness. Regarding the variations in volume fraction of SiCp

for a single experiment, the results shown in Table 25 do not reveal a clear correlation

between spray deposited thickness, the amount of SiCp, and the experimental conditions

(see Table 6). Although a systematic investigation of the effects of the injection angle on

the distribution of SiCp in the matrix was outside of the scope of the present study, the

variations in volume fraction with spray deposited thickness are most likely affected by

changes in the fluidizatier cym-ftions (i.e., pressure drop) and mass flow rate of the metal

during the experiments, in addition to the injection angle. Furthermore, since the volume

fraction of SiCp was determined using image analysis, the results should be treated as an

order of magnitude approximation of the actual SiCp volume fraction. The results do

suggest, however, that it should be possible to alter the resulting variations in volume

fraction of SiCp through changes synthesis parameters. The higher volume fraction of

SiCp observed for experiment 6 was thought to result from a pressurization condition at

the metal delivery tube (see Table 6). This behavior, which is caused by the relative

position of the metal delivery tube to the gas jets, has been studied extensively [1191. In

the present study, the pressurization effect reduced the metal flow rate of the matrix,

effectively decreasing the Al-Li/SiCp mass flow ratio, hence resulting in higher SiC

particulate concentration.

Regarding the size distribution of the SiCp, the results from Table 9 ( d50 = 2.7 jtm) are

consistent with the initial SiCp size (d50 = 3.O m). The slight reduction in particulate size

can be attributed to the difficulties associated with fluidizing the coarse SiCp. The results

also indicate that the processing methodology does not favor clustering of the SiCp.

In terms of the location of the SiCp in the matrix, comparison of the computed

interparticle spacings from Table 9 to the resulting grain sizes, indicates that the

particulates were randomly distributed in the matrix (i.e. not preferentially located at the

grain boundaries). This was also confirmed through SEM analyses. After impact with the

substrate, retention of a suitable particulate dispersion throughout the matrix is facilitated

by the presence of primary dendrite debris resulting from droplet impact. The

mechanisms affecting the distribution of SiCp during spray deposition processing were

discussed in section 2.4.
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Table 25. Numerical model results of the thermal history of the droplets of varying sizes.

Diameter of Temperature (OC) fs Temperature (OC) fs Thickness of Oxide film Oxide film

droplet (.tm) (at 0.21 m) (%) (at 0.35 m) (%) oxide film(AO) (0.21m)* (0.35m)*

25 182 100 100 100 2.34 A1203 3H20/ A1203 3H20/

A1203H20/Li20 A1203H20/Li2O

62 605 95 472 100 5.85 Y AI203/ A1203 H20/

y LiAIO2 Y A1203

156 650 33 647 48 14 Y AI203/ Y A1203/
y LiAIO2 y LiAIO2

* The type of oxides shown for the indicated temperatures and droplet sizes are for equilibrium conditions, and

were determined from the work of [ 169, 170] on the basis of the average temperature of the droplet.

5.4.3. Wetting and Interfacial Reactions

In order to discuss the wetting behavior during spray atomization and co-deposition, it is

necessary to review our current understanding of the factors which govern the behavior of

liquid/solid interfaces under equilibrium conditions.

A concept commonly used to measure the adhesive strength between a solid and liquid

interface is the work of adhesion Wad, defined by the Young-Dupre' equation as:

Wad = g + Cos (42)

Wad has been defined [87, 154] as the work required to separate a unit area of the solid-

liquid interface; yhg is the liquid/gas interfacial energy. Wetting of a solid surface by a

liquid is achieved when cos 0 > 0, that is when 'rg>'rl; where rg and ysl are the solid/gas

and solid/liquid interfacial energies respectively. Moreover, it can be shown [871 that

wetting will occur when the driving force for wetting Df exceeds the liquid interfacial

energy, i.e.,:
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D f >Yg (43)

The driving force for wetting, Df, is governed by two factors: the surface tension of the

liquid, and the strength of the liquid/solid interaction at the interface [87]. In turn, these

two factors are affected by variables such as interfacial reactions, surface characteristics,

heat of formation, valence electron concentration, temperature and time [ 160]. For molten

metals, it is difficult to satisfy Eqn. (43), because metals typically exhibit rather high

surface tension values (64-2400 mjm-2). Hence, the wettability of oxides by molten

metals is generally poor. Recent results suggest that the wettability of molten metals

against Zr02 [87] and A120 3 [161] is approximate. j):oportional to the free energy of

oxide formation of the metal. In the presence of oxygen, however, metals with a high

free energy of oxide formation form stable oxides which act as effective diffusion barriers

that decrease the level of interaction at the interface. Furthermore, the absorption of

oxygen from the atmosphere can also be detrimental to the wetting behavior by

decreasing ysg. As a result, wetting is not observed in molten metal/ceramic systems until

a certain threshold temperature is achieved which allows penetration of the molten metal

through the oxide layer. For example, Laurent et al. [162] and Warren et al. [163]

attributed the transition from non-wetting to wetting behavior in Al/SiC system to the

disappearance of the oxide layer from the molten Al droplet. Furthermore, Warren et al.

[163] also singled out the destabilization of oxide layer (by the presence of reactive

elements) and the improvement of interfacial reaction Kinetics with tempei -ture as the

main factors contributing to wettability.

Even in systems that exhibit a strong driving force promoting chemical reactions, the

presence of oxides can prove detrimental to the wetting behavior. In SiC/Al, for

example, the high value of the work of adhesion (Wad = 1000 - 1200 mJm- 2) [871,

indicates that there is a strong tendency for chemical interaction at the interface.

However, wetting in this system is hindered not only by the formation of A120 3 on the

molten metal, but also by the formation of SiO 2 on the surface of the SiCp. In the

presence of SiO2 and A12 0 3 , the contact angle formed between Al at its melting point

and SiC can be extrapolated [1631 to be approximately 1550 which corresponds to non-

wetting behavior. Under these conditions, the value of work of adhesion calculated using

the method discussed by Delannay et al. [87] is 98.37 mJ/m 2. The latter also suggests

non-wetting between the Al and SiC since the work of adhesion, Wad, must be greater

than the liquid-gas interfacial energy, T Ig (1050 mJm "2 ) for wetting to occur.
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The wetting characteristics and the extent of interfacial activity during spray atomization

and co-deposition are affected by the thermal conditions of the matrix during

reinforcement injection and subsequently, during deposition. During spray atomization

and co-deposition, the thermal and solidification conditions of the droplet distribution

will depend on: (a) the thermodynamic properties of the matrix material, such as: (i)

liquidus temperature, (ii) solidus temperature, (iii) melting temperature, (iv) density, (v)

thermal conductivity, (vi) surface tension, (vii) heat capacity, and (viii) heat of fusion; (b)

the thermodynamic properties of the atomization gas, such as: (i) density, (ii) heat

capacity, (iii) viscosity, and (iv) thermal conductivity; (c) the characteristics of the

reinforcement phase(s), such as: (i) size distribution, (ii) mass flow rate; and (d) .ie

processing parameters, such as: (i) atomization gas pressure, (ii) nozzle/substrate flight

distance, (iii) metal/gas flow ratio, and (iv) reinforcement injection. For processing

conditions typical for aluminum alloys, the droplet distribution during reinforcement

injection and subsequently during impact has been reported to consist of solid powders

(d16 = 20-45 Aim, f, - 1), droplets with mostly liquid phase (d84 = 150-250 Aim, f, - 0),

and a substantial fraction of powders in the mushy state (d50 = 50-90 im, f, - 0.5) (The

subscripts 84, 50, and 16 in d&4. d5 0, P,"d d 16 represent 84%, 50%, and 16% of the size

distribution under this particle size)[37, 72]. As a result, during impact with the

deposition surface, the SiCp will be surrounded by either: (a) dendrite fragments, (b)

completely solidified fine droplets, or (c) liquid phase. This event is shown schematically

in Figure 26.

The presence of either dendrite fragments and/or fully solidified droplets will promote

mechanical entrapment of the SiCp during deposition. The highly irregular surface

morphology of the SiCp, which was evident from SEM observations (see Figure 47), will

facilitate mechanical entrapment of the particulates during deposition. in related studies,

Mehrabian et al. [95] showed that during stir casting of an Al-Si-Fe alloy containing SiCp

or A1203 particulates, the presence of primary dendrite debris prevents settling, flotation,

or agglomeration of the ceramic particulates. The presence of either dendrite fragments

and/or pre-solidified droplets during deposition will have a similar effect to that present

during stir-casting. Furthermore, the presence of small crevices in the surface of the SiCP

increases the effective surface area available for interfacial activity, and enhances the

mechanical bond formed between the particulate and matrix. In the presence of pre-

solidified droplets, however, the inter-particle spacing will be limited by the droplet size.

This is supported by the results shown in Table 9, for samples 3C and 4B. The inter-
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particle spacings computed for these two samples, 21.2 and 25.7 tm, respectively,

approach the value of the d16 droplet diameter, where d16 = 30 .m. A more thorough

discussion on particulate entrapment during spray atomization and co-deposition

processing can be found elsewhere [31, 32].

Regarding the interaction of the SiCp with the molten Al-Li matrix during spray

atomization and co-deposition processing, the preliminary results found in this

investigation indicate that the temperature during deposition was sufficient to promote the

formation of a stable bond, but remained sufficiently low to avoid extensive interfacial

activity. The presence of a strong Al-Li/SiCp bond is supported by the SEM results which

showed fracture rather than pullout of SiCp during deformation. Furthermore. the results

shown in Figure 48 suggest that the temperature during deposition promoted some

diffusion of Al into the SiCp. Regarding the diffusion of Al into the SiCp, the present

results are apparently unexpected since previous studies have shown that the calculated

mean diffusion rate of Al in SiC at 500 OC will be less than 0.1 nm/yr [164]. It is

worthwhile noting, however, that the present results are consistent with the findings of

other investigators who have also reported diffusion of matrix elements into the

reinforcing phases. Nourbakhsh et al. [165], for example, observed extensive diffusion of

Ti into A1203 reinforcing fibers. In that study, approximately 1 wt pct Ti was added to a

Ni3Al (Ni-Al-Cr-Zr-B) matrix in order to enhance wetting of the reinforcing fibers. In

related studies, J.M. Yang et al [166] also reported diffusion of Ni into SiC fibers in a

nickel aluminide (Ni3AI) matrix. In view of these results, and the fact that the atomic

radius of Al is small, relative to that of Ti, the diffusion of Al into the SiC observed in the

present study is not unexpected. Furthermore, the presence of a dislocation network at

the SiCp/AI interface (see Figure 46) will most likely enhance the diffusion of Al into the

SiCP.

The presence of small amounts of C detected near the interface of the as-spray deposited

material after heating to 6000C for two hours (Ht2 condition) suggests the diffusion of

free carbon (-0.60 wt. %) from the SiCp thus resulting in an increase in the activity of

carbon as also discussed in the related studies by Kannikeswaran and Lin [167].

Although interfacial reaction layers were not observed in the Htl specimens, the

interfacial reaction layers were appreciably large, with thicknesses on the order of 5 A.m,

in the Ht3 specimen. This is consistent with the EDS results from Figure 49, which

indicate the presence of high levels of C and 0 near the interface, relative to the matrix.

Furthermore, this is in agreement with earlier observations [155] which suggest that fast
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reactions occur between SiC and molten aluminum to form carbide phases such as Al4 C 3

and AI4 SiC 4 [15, 16, 154, 155]. In the related studies, Iseki et al. 1168] reported the

presence of a thin reaction layer about 10 gim in thickness for the sintered SiC and

aluminum block heat treated at 1100 IC in a vacuum of 10-2 Pa.

5.4.4 Dynamic Wettability

The results discussed in the previous section suggest, first, that a strong interfacial bond
was established between the Al matrix and the SiCp and second, that prolonged thermal

exposure of the as-spray deposited material resulted in the formation of a reaction layer
consisting primarily of carbon containing phases, such as A14C3. The presence of a

strong interfacial bond and the ensuing interfacial reactions during thermal treatment are
indicative of wetting of thc SiCp by the Al-Li matrix. In view of the fact that the
interaction of the Al-Li matrix with the SiCp during spray atomization and co-deposition

will take place under extremely non-equilibrium conditions, it is unlikely that Eqns. (42)

and (43) may be used to predict wetting behavior, since these equations were developed
for highly equilibrium conditions. One approach that may be utilized to provide insight

into the wetting behavior during spray atomization and co-deposition processing is to

consider the solidification conditions of the matrix droplets during co-injection, and

subsequently, during deposition.

In order to determine the effect of the thermal conditions of the matrix droplets on the

wetting behavior of the SiCp, an enthalpy model developed elsewhere [31, 32] was used

in the present study to calculate the temperature and fraction solid of the droplets, as a

function of the flight distance. The numerical results are summarized in Table 25 for

three droplet sizes: 25 im, 62 jim and 156 jim. These three droplet sizes represent d 16,

dy0 and d84 of the droplet size distribution used in the present study, and hence can be

used to gain some insight into the behavior of the entire population of droplet sizes. In

addition, the results shown in Table 25 were computed for two flight distances: (a) the

reinforcement injection point, and (b) the deposition point.

The range of temperatures and fraction solids shown in Table 25 do not suggest wetting

of the SiCp by the Al-Li matrix, since a large proportion of the droplet sizes will have

developed substantial solidification structures prior to being exposed to the SiCp.
Therefore, an alternate wetting mechA n is proposed in the present study in order to

account for the observed experimental r ,lts.
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During spray atomization and co-deposition processing, as already mentioned, the SiCp
are injected at a previously selected spatial point in the atomized melt stream. At the
reinforcement injection point, as shown in Table 25, the SiCp will encounter fully solid,

fully liquid, or partially solidified Al-Li droplets. The interaction of atomized droplets
with SiCp during flight and after deposition is shown schematically in Figure 50. SEM
analysis of the presolidified, overspray powders provided experimental support to the

results shown in Table 25. Figure 51, for example, shows the presence of SiCp on the
surface of presolidified Al-Li powders, approximately 25 gm in diameter. This droplet
size corresponds to the d16 droplet diameter. Also evident from this figure is the dendritic

structure formed during solidification of the powders.

In order to discuss the interaction of the SiCp with the partially solidified or iuil) liquid
droplets, it is necessary to consider the surface condition of the atomized droplets.

/ 4 SiC particulate
V= 120-360m V= 120-360m/sec

m/sec
Oxide Film

(Penetation) (Surface rupture)

(a) Events during flight. (b) Events at the substrate.

Figure 50. Types of interaction of the SiCp with atomized droplets during

flight and after deposition.
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Figure 51. Presence of SiCp on the surface of presolidified Al-Li overspray

powders.

The large surface area of the fine Al droplets, in combination with the high

thermodynamic stability of lithium and aluminum based oxides [1691 will result in the

formation of surface oxides immediately following atomization even under highly inert

conditions, such as the one used in the present study. The extent of oxidation, and other

reactions on the surface of the atomized droplets will depend primarily on the

temperature and chemical composition of the droplets and their surrounding environment

[169, 170]. On the basis of the work by Couper et al. [169], and taking into account the

temperature of the droplets, it is possible to predict the types of oxides that will be present

on the surface of the atomized droplets. The results are shown in Table 25, for the three

droplet sizes representing the entire distribution, and two flight distances representing the

SiCp injection flight distance (0.21m) and deposition distance (0.35 m), respectively. The

results shown in Table 25 suggest that even after assuming that all the oxygen (71 ppm

[171]) present in the droplets appears in the form of a surface oxide, the thickness of

oxide will not exceed 14 A*. For the case of partially solidified, or fully liquid droplets

(corresponding to 62 gm and 156 in in Table 25), exposure of the SiCp to unoxidized,

molten Al-Li is highly probable, either during flight or after deposition. The brittle

character of the aluminum oxide (y A1203) [169] formed on the surface of the droplets

enhances the probability of rupture during impact of the SiCp with the atomized droplets.
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It is anticipated that the type of oxide present on droplets 25 gtm in diameter will consist
of primarily brittle and crystalline oxides (y A1203/ty LiAIO 2) [169, 170], since the time

associated with the droplet flight is only a fraction of second. This minimizes the
possibility of absorbing moisture on the oxide layer and forming stable oxides
(A1203.xH20/Li2O) as shown in Table 25, for equilibrium conditions. Furthermore, the

large velocity difference between the SiCp (-im/sec) and the atomized droplets (120-360

m/sec) and the impact energy during deposition are also likely to promote rupture of any

surface oxide films formed on the surfaces of the matrix droplets. Once the surface of the

SiCp has been exposed to unoxidized, molten aluminum, the relatively high

thermodynamic stability of the Al (AGO - -220 kCal at 6600 C) and Li (AGO - -230 kCal
at 6600C) oxides [172] will result in the reduction of any SiO2 present on the surface of

the SiCp into A1203, or Li20. The formation of A1203 and/or Li20 at the Al/SiCp

interface may result from the following reactions:

4 A1+3 + 3 SiO2 ----- 2 A1203 + 3 Si+4  (44)

4 Li+ 1 + SiO2 2 Li20 + Si+4  (45)

In view of the above discussion, one may anticipate that the Al/SiCp bond will consist of
a series of layers involving Al, Si, A1203, Li20 and SiC. The aforementioned sequence

of reactions is supported by the results of EDS analyses ( see Figure 49), which revealed

a high concentration of Si at approximately 2 g~m from the interface while Si was not

detected at a matrix location, 10 j.tm from the interface. In related studies, Kannikeswaran
and Lin [ 167] showed through x-ray mapping the presence of a 2 gm Si rich interaction

zone, slightly darker in appearance, near the surface of SiCp.

The absence of interfacial reaction products in the as-sprayed deposited material, such as
A14C3, can be attributed to the fast rate of heat extraction during atomization, and the

absence of extensive liquid phase after impact with the deposition substrate (see Table

25). The formation of a strong interfacial bond can thus be attributed to : (a) the

formation of a chemical bond between Si, 0 and Al atoms at the surface of SiCp, and (b)
the ability of aluminum to form a strong bond with its oxide (A1203) at the Al/SiC

interface [109]. Both of these factors effectively increase the work of adhesion, Wad, and

therefore contribute to the wetting behavior observed in the present study.

The proposed mechanism accounts for the observed wetting of SiCp by an Al-Li matrix

during spray atomization and co-deposition processing, by taking into consideration the
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processing history. This type of wettability, where the dynamic forces associated with

the processing history play an important role in determining the extent of wetting and

interfacial activity, and affect the resulting bond strength, is designated as dynamic

wettability.

5.5. Conclusions

i) The preliminary results presented in this study suggest that the interfacial activity

during spray atomization and co-deposition processing promoted the formation of a stable

Al-Li/SiCp bond. This was confirmed by the fracture, rather than pullout, of the SiCp

during deformation.

ii) The results of EDS analyses conducted on fractured SiCp indicate that thermal

conditions associated with spray atomization and co-deposition processing promotes

diffusion of Al into SiCp.

iii) The absence of interfacial reaction products in the as-spray deposited material, as

confirmed by TEM and SEM/EDS analyses, suggests that the temperature of the

interface during deposition remained relatively low.

iv) The concept of dynamic wettability is introduced to explain the wetting behavior in

Al-LiVSiCp observed in the present study.
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CHAPTER 6

6.0 Microstructure, Excess Solid Solubility and Elevated Temperature Mechanical

Behavior of Spray Atomized and Co-Deposited Al.Ti-SiCp
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6.1. Introduction

Dispersion strengthened, elevated temperature aluminum alloys derive their strength and

thermal stability from the presence of a dispersion of nanometer-size particles which

effectively impede dislocation motion during deformation. The strengthening

characteristics of these particulates at elevated temperatures are dependent on their ability

to resist coarsening, and therefore low diffusivities and limited or no equilibrium solid

solubility are desirable [1731. Two approaches can be utilized to synthesize aluminum
alloys containing a dispersion of thermally stable, nanometer-size phases. The first

approach involves energetically blending a mixture of fine aluminum alloy powders with
a ceramic phase, typically oxids, carbides or nitrides, to produce a matrix containing a

distribution of well dispersed, incoherent fine particles. Since these ceramic particles

typically have no solubility in the aluminum matrix, they provide effective high

temperature strengthening. The origin of this approach may be traced to work on sintered

aluminum powders (SAP) during the late 1940's and early 1950's that ev'rntully became

%'he predecessor of various mechanically alloyed aluminum products investigated ever
since [174, 1751. The second approach involves precipitating a fine dispersion of

transition metal aluminide phases from the matrix through solid state reactions. Since the
addition of transition elements to (x Al under the near-equilibrium conditions present

during ingot solidification commonly results in the formation of coarse, embrittling

second phases as a result of their limited liquid and solid solubilities, these are usually

added under rapid solidification (RS) conditions. The highly non-equilibrium conditions

present during RS lead to the formation of extended solid solutions and metastable

phases; the former can subsequently be decomposed into a fine dispersion of thermally

stable precipitates [176]. The addition of transition elements to aluminum alloys, in

combination with RS processing, has been successfully utilized to produce manifold

aluminum alloys containing complex second phase dispersoids based on additions of Fe,

Ce, V, Si, Cr, Mo, Ti and Zr [177-184].

Among the family of transition metal, high temperature alloys, Al-Ti. alloys are actively

being studied as a result of their attractive combination of elevated temperature properties

[182-184]. These materials derive their excellent strength, ductility, and creep resistance
from their refined microstructure and dispersion of AI3Ti particles, in combination with

the low solid solubility (0.8 at.%) and low volume diffusivity (3.86 x 10-15 at.% cm2/sec.

at 427 C) of Ti in Al [ 185]. In order to curtail the formation of coarse primary AI3Ti,

rapid solidification must be employed to extend the solid state solubility of titanium in
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aluminum. For example, it has been reported that 1.4 weight percent titanium (the
equivalent of 3.5 volume percent AI3Ti at equilibrium) can be trapped in solid solution

during gas atomization [1861.

Al-Ti alloys are being studied as potential candidate matrix matenais in metal matrix
composites (MMCs) [99, 187] in an effort to further increase the alloys' modulus and
strength. The extreme reactivity akin to high additions of Ti, and the difficulties
associated with the processing of MMCs have prompted the development of alternate
synthesis approaches. One such approach, spray atomization and deposition, is actively
being studied as a result of its ability to rapidly quench, reinforce and consolidate in a
single step, thus avoidin- t.-e difficulties associated with the handling of fine, reactive
particulates [31, 99, 122, 123, 187]. This particular processing methodolcgy involves the
mixing of ceramic particulates and metallic matrix in a regime of the phase diagram
where the matrix contains both solid and liquid phases. Ostensibly, such an approach
will inherently avoid the extreme thermal excursions, with concomitant degradation in
interfacial properties and extensive macrosegregation, normally associated with casting

processes [15, 28]. Furthermore, this approach also eliminates the need to handle fine
reactive particulates, as is often necessary with powder metallurgical processes [27, 105].

In analogous studies, other investigators have reported successful incorporation of SiCp
into an aluminum matrix using the Osprey process [106, 107, 117, 1181 and a modified
gas metal arc welding torch [34].

The objective of the present work was to provide insight into the effects of spray
atomization and co-deposition processing on the resultant microstructure and elevated
temperature properties of AI-Ti-SiCp MMCs. In particular, this study sought to establish
the effects of processing on the extended solid solubility of Ti in a Al.

6.2. Experimental Procedure

The matrix compositions of the Al-Ti matrix used in the present study were obtained by
mixing an AI-6wt.%Ti master alloy provided by KBAlloys Inc. (Robards, KY) with
commercial purity Al (99.99%) provided by the Aluminum Company of America
(Pittsburgh, PA). These two master alloys were mixed in order to obtain four target alloy
compositions as shown in 'Table 26. In order to ensure dissolution of the primary AI3Ti
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intermetallic phase and to promote sufficient mixing during melting, the alloys were

slowly heated (under a nitrogen atmosphere) in a zirconia crucible to the desired

superheat temperatures as shown in Table 26. The melt was subsequently maintained at

the superheat temperature for approximately 10-20 mi..utes prior to atomization. The

chemical compositions of the materials were verified following the spray atomization and

deposition experiments. The details regarding the type, size and distribution of SiCp has

been addressed in section 2.2.

Table 26. Experimerhl Parameters.

Variable Experiment # Units

1 2 3 4

Matrix alloy AI-0.87Ti AI-4.OTi Al-2.3Ti AI-2.1Ti wt. %
Reinforcement --- -- SiCp SiCp ._

Atomization pressure 1.72 2.73 1.38 1.21 MPa

Atomization gas N2 N2  N2  N2  ..

Superheat Temp. 1276 1573 1373 1573 K

Fluidized bed gas --- -- N 2  N2  --

Fluidization pressure --- -- 0.69 0.17 MPa

Metal flow rate 0.043 0.035 0.029 0.031 kg/s

Gas flow rate 0.015 0.024 0.011 0.010 kg/s

The details of the spray atomization and co-deposition processing has been described in

section 2.2.1. Five experiments were conducted for this study. The primary experimental

variables used during each experiment are listed in Table 26 (see section 2.2 also).

In this study, the SiCp were introduced into the atomized Al droplets during atomization

utilizing two different injectors (see Figure 52). The first injector, based on a fluidized

bed principle, was used in order to obtain relatively low SiCp volume fractions [122] (see

Figure 52a). The second injector (see Figure 52b), designed utilizing a coaxial tube that

entrained SiCp as the gas flowed from the inlet to the outlet orifices, was used in order to

obtain SiCp flow rates which were higher than those achievable with the first injector.
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Figure 52. Schematic diagram showing: a) fluidized bed, and b) coaxial tube injector.
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The description of fluidized bed used in the present study has been previously addressed

in section 2.2.1. The physical characteristics and typical operating conditions for the

fluidized bed used in the present study are shown in Table 27 and 28, respectively. The

behavior of the coaxial injector is the subject of further study.

Four spray atomization and co-deposition experiments were conducted for the present

study; the primary experimental variables used during each experiment are listed in Table

26.

Table 27. Input Parameters for Fluidized Bed.

Parameter Value Units

Bulk Density 780 kg/m 3

Particulate Density 3.1 X 103 kg/m 3

Particulate Size 5 X 10-6  m

Volume of fluidized bed 1.74 x 10-3  m3

Density of Nitrogen 1.187 kg/m 3

Viscosity of Nitrogen 1.54 X 10.5  kg/m s

Height of Fluidized Bed 0.18 m

(1)K 1.20 --

(1)The value of the K was determined experimentally from the mass flow rates of SiCp[122].

Table 28. Typical Operating Conditions of Fluidized Bed.

w 0.75
MAP 7648.87 Kg m/sec 2

ReDmf 1.15 x 10-5

Ga 0.0190

Vt 0.00274 m/sec

Wsic 0.00293 kg/sec.
(2)Vf of SiC 0.088

(1)Pressure drop across fluidized bed.
(2)The volume fraction of the Sicp was computed from the
theoretical SiCp mass flow rate, for a metal flow rate of
0.029 kg/second.
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6.2.2. Microstructure

Microstructural characterization studies were conducted on both the unreinforced and
reinforced materials in order to determine the density, grain size, volume fraction of SiCp
and the presence of secondary phases in the spray atomized and deposited samples. All

of the microstructural characterization studies conducted for the present study were
performed on material removed from the central 80-90 % portion of the preforms; the

remaining 10-20 % of the preforms was considered too porous for detailed analysis.

Optical microscopy was conducted on polished and etched, as-received and as -deposited
samples using conventional and Differential Interference Contrast (DIC) techniques; the

use of DIC microscopy facilitated identification of the SiCp in the matrix. The samples
were sectioned to a thickness of 0.5 cm, polished using conventional techniques, and

etched with Keller's reagent ( 0.5 HF-1.5 HCI-2.5 HNO 3-95.5 H20). The grain size was
measured using the linear intercept method, as described in ASTM E 112-84.

Density measurements were conducted on polished, as-spray deposited and

thermomechanically treated samples utilizing Archimedes' principle. The weight of each
sample was determined using a Mettler H78AR Analytical Balance with an accuracy of±

0.0005 g.; Ethylene glycol was used as a fluid.

The volume fraction of SiCp was determined using a chemical dissolution method. This
method involved measuring the mass of composite samples, dissolving the samples in

dilute hydrochloric acid (38.0% max.), followed by filtering to separate the SiCp. The
particulates were then subsequently dried and the weight fraction was determined. The
weight fraction was then converted into volume fraction, Vf(sic), using the following

equation:

Vf(sic) = wt% SiC/I~iC (46)
wt% SiC/PsiC + wt% Matrix/Pmatrix

where, Psic and Pmatrix represent the densities of SiCp and matrix, respectively.

Scanning electron microscopy (SEM) studies were conducted on as-spray deposited, and
as-spray deposited and thermomechanically treated samples using a HITACHI S-500
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(UCI) and JEOL JSM T-200 (MEXICO) microscopes. Image analysis was conducted

using an ImageSet image analysis system developed by Dapple Systems Incorporated.

This procedure involved computerized analysis of SEM micrographs in order to

determine the effects of thermal exposure on the size and distribution of AI 3Ti

precipitates in the Al matrix. In addition, SEM studies were conducted on fractured

samples in order to provide insight into the effects of A13Ti on the fracture morphology.

Transmission electron microscopy (TEM) studies were conducted using JEOL 100C

(UCI) and JEOL STEM CX-100 (MEXICO) microscopes at an operating voltage of up to

300 kV on as spray deposited samples. The TEM studies were carried out in order to

identify SiCp and A13Ti precipitates, to in",,5tig-te the effects of thermal exposure on the

AI-Ti/SiCp interface, and to provide insight into the coarsening behavior of the AI3Ti

particulates. The TEM samples were prepared using the window technique in a solution

of 1:3::HNO 3:CH 3OH at 12 V and 1.5 ma; the solution was maintained at a temperature

of -10 'C. In addition, samples were prepared using Struers twin jet polisher using a

solution of 5% perchloric acid in ethanol, 0 1C, 0.12A and -25V.

6.2.3. Phase Analyses

X-ray profiles of the spray atomized and deposited reinforced and unreinforced

materials were generated on a Rigaku 0/20 powder diffractometer, using a Cu tube

operating at 45 KV and 15 ma. Several of the samples were also studied using a Siemens

D-500 diffractometer (MEXICO) operating under similar conditions in order to confirm

the results. The lattice parameter of the Al-Ti solid solution was extrapolated from the

Nelson-Riley (N-R) function, assuming that the absorption factors of the cx Al matrix and

the AI3Ti phases were identical [187]. The advantage of using the N-R function lies in its

ability to incorporate both low and high incidence angles. Once the lattice parameter of

Al-Ti solid solution was determined, the amount of Ti in solid solution was estimated

from the data of Tonejc and Bonefacic [188]. Finally, the relative intensity of the A13Ti

peaks was obtained by dividing the height of the (1 13)y peak by the height of the (11 I)a

Al peak.

The amount of Ti present in ax Al as a solid solution was also determined from

microanalysis using a STEM CX-100 equipped with EDAX (MEXICO). The objective

of these studies was to confirm the precise location of Ti in the matrix and provide a

comparison with the X-ray results.
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6.2.4. Thermomechanical Treatment

Following spray atomization and co-deposition, the materials were subsequently hot

extruded at 275 0C, using an area reduction ratio of 16:1. The hot extrusion step was

used in the present study in order to eliminate the micron-sized porosity normally

associated with spray atomized and deposited materials :37]. The Al-6Ti ingot

metallurgy (IM) material was also hot extruded under identical conditions in order to

provide a valid comparison with the spray deposited and hot extruded materials.

In order to investigate the effects of thermal exposure on the microstructure and phases of

the as-spray deposited and as-spray deposited and hot extruded materials, samples were

exposed to temperatures in the 200-500 'C range, for times of up to 240 hours. In order

to avoid surface oxidation, the as-spray deposited and hot extruded samples were

encapsulated under an inert atmosphere and annealed at 250 0, 350 0 and 450 IC for 99

hours. Vicker's microhardness (MHV) and Rockwell B hardness measurements were

made on spray-deposited and spray-deposited and hot extruded samples prior to and

subsequent to thermal annealing. The microhardness measurements were determined on

a Surface Physical Tester model M8 apparatus, using a 10 g load. The extruded Al-

6wt.%Ti master alloy was also studied for comparison purposes. All of the hardness

measurements were conducted at room temperature.

The smooth bar tensile properties were determined according to ASTM E8-81, using 0.64

cm diameter specimens, in an Instion testing machine at a constant crosshead speed of

0.254 mm per second. The specimens were allowed to equilibrate at temperature for 1

hour, and subsequently tested under a tensile load; the room temperature properties were

also studied. All of the mechanical testing studies were carried out in an electrical

resistance furnace under an inert atmosphere (Argon) with a temperature accuracy of ± 4

cc.

6.3. Results

6.3.1. Proce g

The operating conditions for the fluidized bed used in the present study are shown in

Table 28, and were calculated from Eqns. (3-9), in combination with the input parameters
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shown in Table 27. Regarding the behavior of the fluidized bed, a few comments are in

order. On the basis of Eqns. (3-9), one would anticipate that increasing the fluidization

pressure would lead to an increase in the mass flow rate of the SiCp, with a concomitant

increase in volume fraction. It was noted, however, that the rate of increase in mass flow

rate with pressure asymptotically reached a maximum value at a pressure of

approximately 0.69 MPa, which corresponds to the fluidization pressure used in

experiment 16 (see Table 26). This behavior is thought to be a result of the increased

back pressure inside the fluidizing chamber at higher fluidization pressures [122]. If the

theoretical value of the SiCp mass flow rates and the mass flow rate of the metallic matrix

are taken into consideration, it is possible to estimate an upper bound for the volume

fraction of the SiCp. These results yield an estimate o. .e -:Cp volume fraction as 8.8%

for the conditions used in experiment 16. The results of acid analysis, however, reveal

that the volume fraction of the SiCp was 2 %. The discrepancy between the calculated

and measured volume fractions of SiCp may be attributed to difficulties encountered in

estimating some of the parameters utilized in Eqns. (3-9). For example, determination of

the average velocity of the fluidizing gas, v, requires a knowldge of the fluid flow

conditions in the fluidized bed. Since these conditions were not accurately known, this

velocity was determined from the experimentally measured volumetric gas flow rate

through the fluidized bed. On the basis of the geometry of the fluidizing chamber and the

bubbling tendency of the gas noted for some fluidization conditions, it is anticipated that

the actual average velocity of the fluidizing gas will be lower than the computed value.

The co-injection of SiCp using a coaxial tube injector (see experiment 17), appeared to be

more effective than the fluidized bed in achieving higher volume fractions; this injector is

the subject of continuing research.

6.3.2. Microstructure

Optical microscopy was conducted on coupons of the as-received, unreinforced and

reinforced Al-Ti materials; one example taken from experiment 14 is shown in Figure 53.

This figure reveals the presence of an equiaxed grain morphology, with an average grain

size of approximately 16 gtm. Table 29 shows the grain size determined for each of the

four experiments and for the as-received ingot metallurgy processed material before and

after extrusion. The microstructure of the as-spray atomized and deposited material from

experiment 16 is shown in Figure 54. The SiCp are readily discernible in this figure as

light second phases in the dark Al-Ti matrix. The microstructure of the as-spray
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deposited unreinforced material from experiment 15 is shown in Figure 55. The presence

of the A13Ti phase is readily discernible in this figure as elongated plate-like precipitates.

Table 29 Results of Density, Volume Fraction and Grain Size Measurements.

)1 Experiment (2) Pspd/Ph (3Volume (4)Interparticle Average Grain
Number fraction (%) spacing (X, gim) Size (jum)

1 0.98 -- 16.2

2 0.99 - 43.6

3 0.94 2 21.21 21.7
4 0.97 12 8.66 53.1

AI-6 wt. %Ti (5) 1-- ~38.0
A1-6 wt. % Ti --- -(6'20.6

(See Table 1.
(2 sdand pth represent the density of spray deposited and spray deposited and extruded samples

(3) Determined from Eqn. (46)
(4) These values were computed from Eqn. (10) for a SiCp~ size of 3.0 pmn.
(5)This value correspond to the as-received ingot metallurgy processed material.
(6) This value correspond to the as-received ingot metallurgy processed material after extrusion.

Figure 53. Optical micrograph from expeniment 14 showing equiaxed microstructure

of the Al-Ti material.
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Figure 54. Optical micrograph showing the microstructure of the as-spray atomized
and deposited material from experiment 16.

Figure 55. Optical micrograph of the as-spray atomized and deposited material from

experiment 15.
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The results of the density and acid test measurements are summarized in Table 29. The
volume fraction of SiCp present in the as-spray deposited material was estimated to be

approximately 2 and 12 vol.% for experiments 16 and 17, respectively. The
interparticulate spacings were calculated according to the formula used by Nardone and

Prewo [7]

U-1 t / Vf)1/ 2  (10)

where X is the interparticulate spacing; and t, I and f are the thickness, length, and volume

fraction of the SiCp, respectively (see section 2.3.2.2 also). The results of the computed
interparticulate spacings, X, are also shown in Table 29.

Scanning electron microscopy of samples removed from experiment 14 failed to reveal

the presence of AI3Ti precipitates. SEM analysis of materials from experiments 15, 16,
and 17, however, did reveal the presence of secondary phases. One example, taken from
the central portion of experiment 16, is shown in Figure 56. In this figure, the SiCp
exhibit an irregular morphology, whereas the A13Ti phase appears as elongated needles.
Figures 57a and b, SEM micrographs taken from the central bottom region of experiment

16, show spherical Al powders decorated with irregular SiCp particles. Careful
observation of the Al powders reveals an internal cellular microstructure with cell
boundaries decorated with irregular SiCp. Inside the grain boundaries flower-like second
phase (showed by an arrow) particles were observed, presumably of the type AI3Ti. The
presence of SiCp and A13Ti phase in the Al-Ti matrix was confirmed using EDAX

analyses.
In addition to SiCp and AI3Ti, SEM analyses revealed the presence of a finite amount of

non-interconnected porosity (see Figure 57). The micron sized pores were preferentially
located at grain boundaries and exhibited an irregular, faceted morphology. The

distribution of pores in the microstructure was found to be bimodal, with a large
proportion of pores in the 1-2 pm and 10 g±m size ranges; the volume fraction of porosity

was estimated to be approximately 1-6%, in agreement with the density results shown in

Table 29.
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Figure 56. SEM micrograph taken from experiment 16 showing the presence of the

SiCp and A13Ti phases.

(a)
Figure 57. SEM micrograph taken from experiment 16 and showing: a) the presence

of the SiCp at the boundary of spherical particles and
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(b)
Figure 57 (cont'd), b) flower-like A13Ti phases.

Fii

Figure 58. SEM micrograph of the spray deposited and hot extruded material,

following a thermal anneal for 20 hours at 500 'C, showing the presence

of Al-Ti phases. The specimen was etched using Kellers reagent.
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The morphology of A13Ti phase, following hot extrusion and thermal annealing (20 hours

at 500 'C) from the sample taken from experiment 15, is shown in Figure 58. The plate-

like A13Ti precipitates coarsened substantially, and their principal axis became aligned
parallel to the extrusion direction (see Figure 58).

Transmission electron microscopy studies were conducted on samples in the as spray

deposited and annealed conditions. Figure 59 offers a representative view of the as-spray

deposited Al-Ti-SiCp microstructure from experiment 16; the presence of a SiCp (Figure

59a) is identified by means of its diffraction pattern. This spherical SiCp was linked by

dislocations. Also observable in the matrix, nanometric spherical second phase particles
were looped by dislocations and formed subcells (see Figure 59b). Analysis of the

diffraction patterns identified these nanometric second phases as SiCp. It is possible that

the presence of AI3Ti in the microstructure may have affected the values of SiCp volume

fraction shown in Table 29. The results of a study by Chanda and co-workers [99] on

alloys of similar composition, however, show relatively good agreement with the present

volume fraction results. In this study, they used image analysis, instead of acid

dissolution, to determine the volume fraction of SiCp present in the microstructure. The

high dislocation density observed in the Al-Ti matrix adjacent to the SiCp (see Figure 59)

concurs with previous findings [ 16, 64]. The high dislocation density observed in MMCs

is thought to result from the large difference in coefficient of thermal expansion (CTE) of

Al and SiCp (10:1) which causes thermal mismatch strains, C, between reinforcement and

matrix during solid state cooling. These strains are relaxed by the formation of a

dislocation network, which in turn, alters the response of the MMC to themomechanical

processing, relative to that of unreinforced alloys [15, 16, 155].

In addition to SiCp, TEM studies of the as-spray deposited material from experiments 15,

16, and 17 revealed the presence of plate-like second phase particles. These plate like

particles were identified as the tetragonal Al 3Ti by means of its diffraction pattern.

The results of TEM studies, conducted on the as-sprayed samples taken from experiment

16 at the Al-Ti/SiCp interfacial region, failed to reveal the presence of any interfacial

reaction products (see Figure 59), consistent with the results of SEM and X-ray analysis.
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Figure 59. Transmission electron micrograph of the Al-Ti-SiCp alloy from experiment
16 showing: a) a SiCp (on the right hand side) which was identified by its
diffraction pattern as cubic-SiCp, and b) the presence of nanometric SiCp
which are linked by dislocations forming a subcell arrangement.
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6.3.3. Thermomechanical Treatment

A comparison of the results of Rockwell hardness measurements conducted on coupons

taken from the IW material with those of the material from experiment 16 in Figure 60a

indicates the following. The IM results show a considerable loss in hardness at

temperatures as low as 300 'C (see Figure 60a) whereas the material from experiment 16

remained thermally stable up to temperatures as high as 500 °C (see Figure 60a and 60b).

The Rockwell hardness results for the material from experiment 16 were repeated using a

microhardness tester in order to determine if the presence of SiCp in the Al-Ti matrix

affected the results obtained with a RB hardness indenter. The microhardness results

coincided with those obtained using the Rockwell indenter and furthermore, revealed an

increase in hardness in the 300-400 IC range (see Figure 60b). The hardness results

shown in Figures 60a and 60b were carried out at room temperature on specimens that

were thermally annealed for 99 hrs at the designated temperature.

30

25

= 20 00 0 0

cc 0 0"- A 0 0 0

10 E o

A AI-6wi%Ti IM

5 3 AI-6wI%Ti IM+Extrusion

0 AI-2.3wt%Ti-SiCp

0 ' I ! * I , I 6 I I

0 100 200 300 400 500 600 700

Temperature (°C)

Figure 60. Hardness results showing the variations in: (a) Rockwell (RB), and
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Figure 60. (cont'd) (b) microhardness (MHV) as a function of annealing temperature for

the as spray atomized and deposited Al-Ti-SiCp material from experiment 16.

The results of the elevated temperature testing of the spray atomized, deposited and hot

extruded Al-Ti alloys (SD) are summarized in Table 30 and Figure 61, and compared to

those of equivalent materials prepared by powder metallurgy (PM) --d mechanical

alloying (MA). The results shown in this table for the AI-4Ti and Al-2.3Ti-SiCp

materials were obtained after a 99 hour anneal, followed by mechanical testing at the

designated temperature. The results shown in Table 30 and Figure 61 show that the

elevated temperature properties of the spray deposited materials compare favorably to

those of the powder metallurgical materials, are superior to those of the ingot materials,

but are inferior to those of the mechanically alloyed material.
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Table 30 Elevated Temperature Mechanical Properties of Al-Ti-SiCp Materials.

Material Processing Temperature OcUT S  Uys Elong.
0C (MPa) (MPa) (%)

Al-2.3Ti-SiCp (1)SD 25 200 198 7

(Experiment # 16) 250 130 116 11

350 51 48 18

450 24 22 32

Al-4.OTi (2)SD 25 250 235 7

(Experiment # 15) 250 127 106 24

350 57 51 23

450 20 18 40

AI-4.OTi (3)pM 25 180 145 23

200 100 95 22

300 65 59 30

400 42 35 30

Al-4.OTi (4 )MA 25 _(5) 320 -(5)

160 -- 280 --

240 -- 190 --

290 -- 170 --

350 -- 150 --

(l)spray atomized, deposited and hot extruded materials thermally annealed for 100 hrs at the designated
temperature. The SiCp size used here was 3 pLm; the volume fraction was 2%.
(2 )Spray atomized, deposited and hot extruded unreinforced materials thermally annealed for 100 hrs at the
designated temperature.
(3 )Material prepared by powder metallurgy thermally annealed for 10 minutes at the designated temperature [184].
(4 )Material prepared by mechanical alloying [184].
(5)No values were reported.
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Figure 62 shows the fracture surface of a tensile sample of the as spray deposited and

extruded material from experiment 16 and the fracture surface of the spray deposited,

extruded and annealed material. The presence of dimples on the fracture surface

indicates a ductile mode of fracture; careful examination revealed the presence of SiCp

inside some of the dimples. The apparent discrepancy between the dimple spacing and

the SiCp interparticulate spacing (see Table 29) suggests that the AI3Ti phase may have

also played a role in the plastic deformation of the matrix.

30 1 a I

O3 Al-4wt%Ti, SD+Extruded
o A1-2.3wt%Ti+SiCp, SD+Extruded

O[ A Al-4wt%Ti, Powder+Extruded

2t Al-6wt%Ti, IM+Extruded

00

A

R8

* A

* A
0

0 100 200 300 400 500

Temperature (°C)

(a)

Figure 61. Comparison of the elevated temperature mechanical behavior of the spray
atomized Al-Ti alloys to those of similar materials processed by powder
metallurgy, and ingot metallurgy; (a) yield strength, and



158

50
13 A1-4wL%Ti, SD+Extruded
o Al-2.3wt%Ti+SiCp,SD+Extruded

40 A A1-4wtTi, Powder+Extruded 0
* Al-6wt%Ti, IM+Extruded

0
-- 30 A A

= 13 13

20
10 00

10- 0

0-

0 10 20 300 400 500

Temperature (°C)
(b)

Figure 61.(cont'd), (b) elongation values. The values shown for spray deposited and ingot
metallurgy processed material were obtained after a 100 hour thermal exposure
while those corresponding to the powder metallurgy [184] processed material

were obtained after a 10 minutes thermal anneal.

(a)

Figure 62. SEM micrograph showing the ductile mode of fracture as observed in: a)

the spray deposited and extruded material and
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(b)
Figure 62.(cont'd). b) spray deposited, extruded and annealed (350 *C for 100 hrs)

material from experiment 16.

6.3.4. Ouantitative Phase Analyses

Quantitative determination of the amount of Ti present in solid solution in the x A]

matrix was accomplished on the basis of X-ray diffraction and STEM studies. Figure 63

shows one example, taken from as-spray deposited material from experiment 16. Peaks
from the X-ray diffractogram were identified by means of the interplanar spacing, dhld

and 1/l1 data reported in the literature [Search Manual for Selected Powder Diffraction
Data for Metals and Alloys, JCPDS]. As can be observed in Figure 63, the diffractogram

exhibits the peaks of Al, AI3Ti and SiCp. Following the work of Tonejc and Bonefacic
[188], the X-ray results were analyzed using the Nelson-Riley (N-R) function, to

determine the amount of Ti present in solid solution. These results, together with those

determined using STEM microanalysis, are summarized in Table 31. The results from

the annealing studies are shown in Figure 64 as the relative ii.-'nsity of the AI3Ti peaks,

obtained by dividing the height of the (113 )y peak by the height of the 11 1)a Al peak

[ 184]. The results show an increase in the relative intensity of the AI3Ti peak in 300-400
0C temperature range, a finding consistent with the microhardness results. The results
shown in Figure 64 provide experimental support to the X-ray diffraction and STEM
studies, which indicated the presence of a supersaturated solid solution of Ti in ox Al.
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Figure 63. X-ray diffractogram from material corresponding to experiment 16

showing the peaks corresponding to Al matrix, SiCp and AI3Ti phase.

Microanalyses were carried out on the plate-like second phase particles, and showed a

composition of 63.6 wt% Al and 36.4 wt% Ti which according to its AL/Ti atomic ratio

gives stoichiometry close to A13Ti. Microanalysis carrind out on the spherical particles

linked by dislocations (see Figure 59) showed a composition of 69.89 wt.% Si and 31.213

wt.% C. which gives a stoichiometry close to SiCp.
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Figure 64. Schematic diagram showing the effect of annealing temperature on the

relative intensity of the Al 3Ti peak on the as-spray deposited material

taken from experiment 16.

Table 31. Results of the X-ray and Microanalytical Studies.

(1 Experiment # (2)a (A') Wt. % Ti in solid solution
(3)X-ray results Microanalysis results

1 4.0444 0.87 Not Determined

2 4.0443 0.88 1.14+0.10

3 4.0428 1.13 0.87 + 0.05

4 4.0469 0.46 0.80 + 0.06

(1)
see Table 26.

(2)the accuracy in lattice parameter is of the order of +.0.0001 A'.
(3) the value of wt.q Ti in solution for a given lattice parameter value is taken from Reference (188).
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6.4. Discussion

6.4.1. Microstructure

Three salient features are associated with the microstructure of the spray atomized and

co-deposited Al-Ti-SiCp MMCs: the grain structure, the presence of micrometer sized

pores, and the amount and distribution of reinforcing particulates. The grain morphology

of the spray atomized and co-deposited MMCs was equiaxed (see Figure 53), in

agreement with the results of other investigators [31, 64, 99, 100, 103, 104, 106, 107, 118,

122, 123, 138, 187, 189]. A more thorough discussion of these mechanisms can be found

elsewhere [37]. The results from Table 29 show that the experimentally observed gra.

izes or the unreinforced and reinforced spray deposited materials ranged from 16.2 to

53.1 gim. The relatively coarse grained microstructure noted for experiments 15 and 17

(43.6 and 53.1 Im, respectively), are consistent with the high melt superheat

temperatures used during atomization for these two alloys in order to completely dissolve

the AI 3Ti phase necessary as a result of elevated Ti content of the alloys. The smaller

grain size obtained in experiment 15 (43.6 tm), relative to that obtained in experiment 17

(53.1 gm), is consistent with the higher atomization pressure used in experiment 15 (2.73

MPa), relative to that used in experiment 17 (1.21 MPa). A more thorough discussion of

the effects of the atomization variables on the resulting microstructure obtained during

spray atomization and deposition may be found elsewhere[31, 37, 104].

A second important microstructural characteristic frequently associated with spray

atomized and deposited microstructures is the presence of a finite amount of non-

interconnected porosity [31, 37, 64, 56, 75, 99, 103, 104, 107, 117, 118, 122, 123, 187].

The porosity levels present in the spray deposited materials used in the present study

were in the 1-6% range, as inferred from the results of density measurements which

showed densities in excess of 94% (see Table 29). Although the origin of porosity in

spray atomized and deposited materials is poorly understood, the available experimental

evidence suggests that a large proportion of the porosity is generally observed in spray

atomized and deposited materials may be attributed to the interparticulate porosity. As

the droplets descend, first on the deposition surface, and eventually on each other, they

overlap leaving micron-sized cavities in between. In spite of the large amount of

turbulence, the relatively rapid drop in temperature during deposition prevents any liquid

phase present from filling all of the cavities present, leading to the formation of irregular

pores. This mechanism is consistent with the observed correlation bttween deposition
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conditions such as spray density, powder size, and fraction solidified, and the amount of

porosity present throughout the deposit [56, 75, 79, 138]. For example, the higher density

associated with the central region of the deposit has been attributed to the elevated mass

flux of droplets in this region of the spray, relative to the periphery [190]. These droplets

contain elevated fractions of liquid phase, effectively filling the interstices between

droplets. In contrast, the high amount of porosity observed in the periphery of the deposit

results from a large proportion of small, presolidified droplets. Under deposition

conditions where the droplets are allowed to fully solidify before the arrival of more

droplets, interlayer porosity will also develop in the regions separating the different

droplets. In general, however, this is not a desirable condition since the presence of these

-iscuqrtinuities in the microstructure will lead to less than optimum mechanical behavior.

Finally, although an investigation of the role of the SiCp on the evolution of porosity

during spray atomization and deposition was outside the scope of the present study, it is

highly probable that the presence of the particulates will affect the porosity present [122].

Other mechanisms proposed to govern the formation of porosity in the spray deposited

materials has been discussed in section 1.4.3.

The resultant amount and distribution of reinforcing particulates is significant because the

mechanical behavior of the MMCs will depend on the amount and distribution of these

particulates in the matrix. The volume fraction of SiCp present in spray atomized and co-

deposited materials has been correlated with a number of processing parameters and

physical properties, such as: injection angle, injection pressure, SiCp/metal mass flow

ratio, and surface tension of the atomized droplets [31, 122, 124, 191]. The SiCp are

incorporated into the Al matrix by two possible mechanisms: a) the SiCp penetrate the

atomized droplets during co-injection and remain entrapped in the matrix during

subsequent impact with the deposition surface [124] or b) the SiCp remain on the surface

of the atomized droplets and are entrapped by the matrix after impact with the deposition

surface. Gupta and co-workers [31, 122] propose that the extent of particulate entrapment

after impact will depend on the magnitude of the impact and repulsive forces present at

the metal/ceramic interface. If entrapment fails to take place either during co-injection,

or subsequently, during deposition, the microstructure of the spray atomized and co-

deposited materials will be characterized by a high concentration of ceramic particulates

at the prior droplet boundaries. Such a situation has been reported by Ibrahim and co-

workers [192] for a spray atomized and deposited 6061 AI/SiCp MMC.
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One way to provide insight into the extent of SiCp entrapment taking place during the

present experiments is to compare the calculated droplet sizes to the measured SiCp

interparticulate spacings (see Tables 29 and 33). The results show that the

interparticulate spacings in materials from experiments 16 and 17 were substantially

smaller than the average droplet size, d50 , suggesting entrapment of the SiCp by a large
proportion of the droplet population. The value of the interparticulate spacings shown in

Table 17, however, appeared to be of the same order of magnitude as the diameter of the

d 16 droplets. This finding is consistent with observations made in regions of the spray

atomized and deposited materials that contained a large proportion of small, pre-solidified

droplets with diameters close to d 16 and is evident from Figure 57 where the SiCp may be

seen decoratincr prior droplet boundaries. In general, however, numerous experimental

observations showed a relatively homogeneous distribution of SiCp in the Al-Ti matrix

(see Figures 54 and 56). On the basis of the present data, it was not possible to determine

whether the entrapment of the SiCp occurred during atomization, or subsequently, during

deposition. Further work is continuing in this area.

6.4.2. Secondary Phases and Thermal Stability

The addition of transition elements to a Al under the equilibrium conditions present

during ingot solidification commonly results in the formation of coarse, embrittling

second phases as a result of their limited liquid and solid solubilities. The presence of

intermetallic phases in the matrix leads to a rapid degradation in mechanical properties

with thermal exposure, since the large interparticulate spacing associated with these

particles is not effective in preventing dislocation motion. In addition, these coarse

intermetallic phases contribute to stress concentration during deformation, leading to

early crack nucleation and eventual failure. In contrast, when refined and distributed by

rapid solidification, intermetallic phases can effectively improve thermal stability as a

result of their resistance to coarsening and increased temperatures for decomposition on

ageing [ 176].

The available experimental evidence shows that the microstructure of the spray atomized

and deposited MMCs was characterized by the presence of supersaturated solution of Ti
in a Al, with interdispersed A13Ti precipitates throughout the matrix. The presence of the

AI3Ti phase is evident in the materials from experiments 15, 16, and 17 (see Figures 56,

57 and 61). One notable exception was the material from experiment 14, in which the
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AI3Ti phase was not detected (see Table 31): X-ray and STEM results showed all of the

Ti in solid solution.

The AI3Ti aluminide phase can be formed by both primary solidification and peritectic
transformation [193]. A peritectic phase transformation occurs at 665 *C and 1.15 wt.%
Ti1 2: L + r(A13Ti) => Al. The precise wt. % Ti contained in the first solid to form is

reported to be between 1.15-1.3 % [194, 195]. The coarse plate-like morphology of the
AI3Ti phase, as seen in Figure 56, suggests that this particle evolved from a properitectic
precipitation reaction in the temperature range of 1000 *C to 665 'C. The flower shape

morphology of A13Ti phase as sometimes observed throughout the microstructure (Figure

57) is thought to arise -: ,su::nbly as a result of the grouping together of elongated
rectangular plates.

Following hot extrusion and thermal annealing (20 hours at 500 °C), the plate-like A13Ti
precipitates coarsened substantially, and their principal axis became aligned parallel to

the extrusion direction. The plate-like phases are readily discernible in the SEM
micrograph shown in Figure 58. In addition to coarsening, precipitation of the A13Ti
phase from the supersaturated aluminum matrix during thermal exposure of the hot
extruded reinforced material was evident. Since the lattice parameter of (X Al changes

only slightly with the addition of Ti, the results from the annealing studies are shown in
Figure 64 as the relative intensity of the AI3Ti peaks, obtained by dividing the height of
the (113 )-y peak by the height of the (1 Il)a Al peak. The results shown in this figure
concur with the results of thermal stability, because an increase in the relative intensity of
the AI3Ti peak corresponds to the observed increase in hardness levels for the 300-400 *C
range (see Figure 60). The results of hardness measurements shown in Figure 60a and
60b suggest that the as-spray atomized and deposited material from experiment 16
remained thermally stable for temperatures of up to 500 'C. In comparison, the cast and

cast-and-hot extruded IM Al-6Ti materials suffered a considerable loss of hardness at
temperatures as low as 300 'C (see Figure 60a). The microhardness measurements

results shown in Figure 60b confirm the previous observation that the as-spray deposited
material remains thermally stable up to 500 'C. It is also evident from the results shown
in this figure that the hardness of the material increases in the 300-400 'C range. This

behavior, which has been reported by other investigators, has been attributed to the
precipitation of the AI3Ti phase [184].
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The higher thermal stability of the spray atomized and deposited materials observed in

the present study, relative to that noted for the cast ingot material, may be attributed to

the faster quench rates, with concomitant microstructural refinement resulting from the

spray deposition stage. This suggestion is supported by the sharp reduction in grain size
and the absence of primary Al3Ti phase observed for the as-spray deposited reinforced

materials, relative to that of the as-cast Al-Ti ingot. In addition, the relatively high rates

of heat extraction during atomization and the short thermal exposure during deposition

did not allow the formation of interfacial reactions products at the Al-Ti/SiCp interface.

Experimental support is provided by the SEM, TEM, and X-ray results which failed to

reveal the presence of A14C 3 phase, normally observed in the Al based MMCs not

containing Si additions [167]: the TEM micrograph shown in Figure 59, where the

surface of the SiCp is relatively smooth, suggests little or no interfacial activity. In the
AI/SiC system, interfacial phases such as A14C3 and AI4 SiC 4 normally form either as a

continuous layer or isolated precipitates [167]. SiC is known to react with molten Al (T
> Tm) according to the reactions:

4AI + 3SiC = A14C3 + 3Si (39)

4AI + 4SiC = AI4SiC 4 + 3Si (40)

Further growth occurs, i,_ the case of the first reaction, by solid state diffusion through the
A14C3 layer, and in the case of the second reaction, by the dissolution of the SiC into

liquid Al. Significantly the latter reaction is anticipated on the basis of thermodynamics,
but the presence of the AI 4SiC 4 has yet to be confirmed experimentally. Although the

bonding between SIC and A14C3 is reportedly strong, the A14C3 -SiC interface is generally

rough and can lead to regions of stress localization. These results were also supported by

those obtained from the X-ray analyses which failed to reveal the presence of AL4C 3

peaks in the diffractogram (see Figure 63).

The formation of a metastable solid solution of Ti in a Al is unexpected in view of both

the low equilibrium solid solubility exhibited by this system and the quench rates present

during spray deposition which are considerably lower than those used during gas

atomization. In the following section, the various factors affecting excess solid solubility

are discussed in light of the present experimental findings.
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6.4.3. Excess Solid Solubility

An enthalpy model [38, 71-73, 102], was used in the present study to provide insight into
the effects of processing variables on the distribution of droplet sizes, cooling rates and

fraction solidified during atomization and co-injection. The mathematical formulation

associated with this model and the related assumptions are described in detail elsewhere,
and hence will not be reproduced here [38,72).

Taking into consideration the physical characteristics and processing variables used in the

present study (see Table 26 and 32), the aforementioned enthalpy model was used to

compute the cooling rate and fraction solid as a func't-n of flight distance for the Al-Ti

and Al-Ti-SiCp experiments. The numerical results are summarized in Table 33. In the

following paragraphs, the salient microstructural features observed in the spray atomized

and deposited Al-Ti-SiCP and Al-Ti materials are discussed concurrently with the

numerical results. It is important to note, however, that the enthalpy model used in the

present study was developed for monolithic materials, and therefore did not incorporate

the effects of the SiCp on the cooling and solidification behavior of the atomized droplets.
Hence, the differences in the computed solidification behavior between the reinforced and

unreinforced experiments solely reflect the effects of changes in the processing

parameters. The possible effects that the SiCp might have on the thermal and

solidification behavior of the atomized Al-Ti droplets are discussed subsequently.

Excess solid solubility is one of the most critical features associated with rapid

solidification processing [176, 196]. Various factors influence the extent to which excess

solid solubility may be obtained in a particular alloy system. These include the

thermodynamic characteristics of the alloy system [82], the cooling rate[188], the

velocity of the solidification front [197-199], and the extent of undercooling prior to

nucleation of the solid phase (200, 201]. The formation of a supersaturated solid solution

is further complicated during spray atomization and deposition processing as a result of

the extreme differences in solidification environment prior to, and after impact with a
deposition surface. For example, whereas a 80 lin aluminum droplet is exposed to

relatively high cooling rates (0.4 - I x 104 K/sec.), and consequently relatively fast

solidification growth velocities (0.2-2.0 rn/sec.) [73], the cooling rate after impact is

relatively slow (10-20 K/sec.) [75, 106]. In related studies, Ruhr and co-workers [202],

estimated the amount of Mn retained in solid solution during spray deposition of an Al-

6.5Mn-2.35Li-0.8OZr (wt.%) using X-ray diffractometry techniques. By measuring the
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dependance of the (331) Al interplanar spacing on Mn content, it was determined that

2.20-2.25 + 0.10 Mn remained in solid solution in the a Al matrix after deposition, and

an effective cooling rate in the range of 5 x 102 - 1 x 103 K/sec. was suggested.

Table 32. Input Parameters Used in Numerical Model.

Variable Description Value Units

CPg Specific heat of nitrogen 1070.4 J/kgK

Cpm Specific heat of Al 860 J/kgK
Hf Heat of fusion of Al 398000 J/kg

k Al thermal conductivity 209 W/mKm

PM Al density 2700 kg/m3

y Ratio of Cp/C for gas 1.43 --

Y Melt surface tension 0.840 kg/s2

m3

Pg Gas density 3.375 kg/m 3

4 Gas viscosity 1.54x10 5  kg/ms

9i Melt viscosity 0.001 kg/ms

In order to provide insight into the present experimental findings while maintaining the
problem tractable, the enthalpy model introduced in the results section was used to

calculate the fraction solidified and the cooling rate corresponding to a particular droplet

diameter; the results are summarized in Table 33. A few comments regarding the cooling

rates shown in this table are in order. For cases where the droplet was completely

solidified prior to impact with the deposition surface (e.g., fs = 1), the cooling rate shown
was averaged over the residence time from the beginning to the completion of

solidification. For cases where the droplet was completely liquid prior to impact with the

deposition surface (e.g., fs = 0), the cooling rate shown in Table 33 reflects the cooling

rate of the material after impact with the deposition surface. This cooling rate has been

experimentally determined to be in the lxl00 - lxl0 3 K/sec. range [75, 102, 106], and

therefore, a cooling rate of 1 x 101 K/sec. was deemed appropriate for the conditions used
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in the present work. Finally, for droplets that were partially solidified during impact with

the deposition surface (e.g., 0 < fs < 1), the cooling rate shown in this table corresponds to

the calculated cooling rate at this flight distance. Once the cooling rate corresponding to

each droplet diameter was determined, the wt.% Ti in solid solution was estimated on the

basis of a study by Kerr and co-workers [186].

Table 33. Computational Results Showing the Anticipated Retention of Ti in Solid
Solution.

Experiment # Droplet size ()Fraction solidified (2)Cooling rate (3)Max. wt
% Ti

(g tm) (---) (K/sec.) re ",i, '

d16 = 30.0 1.00 4.73x105 0.87 (1.92)(4 )

1 d50 = 60.1 0.38 9.20x10 3  0.87 (1.35),4 )

d84 = 125.2 0.00 1.00xl0 1  0.30

d16 = 14.0 1.00 1.20x10 5  1.80
2d5 = 28.0 0.00 1.00xl0 1  0.30

d 84 = 61.0 0.00 1.00x10 1  0.30

d16 = 38.0 1.00 1.67x10 4  1.44
3 d 50 = 76.0 0.18 8.68x10 3 0.82

d&4 = 158.0 0.00 L.00x10 1  0.30

d 16 = 44.0 1.00 1.54x10 4  1.42
4 d50 = 88.0 0.00 1.OOx101 0.30

d84 = 185.0 0.00 1.00xl01  0.30

(1)These values correspond to a flight distance equivalent to the position of the substrate.
(2)The values of the cooling rate are reported as follows: for fs = 0. cooling rate = cooling rate after
deposition: fs = 1,
cooling rate = average cooling rate experienced by droplet in two phase stage; and when O<fs<l, cooling
rate = calculated
cooling rate corresponding to flight distance.
(3)The values shown are the maximum anticipated values based on the cooling rate shown in column 4.
(4)In this case the computed values (shown in parentheses) exceeded the actual Ti contents of the alloy.

Following the calculation of the maximum anticipated value of wt.% Ti retained in

solution for each droplet size, the wt.% Ti retained in the deposit, wt.% Ti deposit, was

estimated using the following equation
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wt.% Ti deposit = 0.16 (%Ti d16" %Ti d,) + 0.68 (%Ti d ) (47)

where, %Ti d16, %Ti d and %Ti d., represents the maximum anticipated value of wt. %

Ti retained in the d 16 , d50, and dg4 droplets, respectively. The value of the coefficients

used in Eqn. (47) were selected on the basis of the log-normal distribution of droplets

normally associated with atomization processes [37, 102]. The results obtained using

Eqn. (47) show that the wt.% Ti retained in solid solution for experiments 14-17

correspond to: 0.78, 0.54, 0.84, and 0.48, respectively. Comparison of these results to

those determined experimentally (shown in Table 31) lead to the following observations.

First, the microanalysis results appeared to be consistently higher than those determined

using X-ray analysis. AlthoK,. ,tsults for expe,-ir.-i 16 offer one exception, this

discrepancy may be explained by the presence of the Al 3Ti phase throughout the matrix,

which made accurate microanalysis difficult. Second, there appeared to be a fairly good

agreement between the calculated results and those obtained from X-ray analysis,

although the calculated values were consistently low (with the exception of experiment

17). This finding is not unexpected if one considers that the results from microanalysis

represents the local amount of Ti in solution, whereas the X-ray results represent the

global Ti contents in the (x Al matrix. The extremely low amount of Ti in solid solution

that was calculated for experiments 15 and 17, on the basis of Eqn. (47), may be

attributed to the extremely high value of the superheat temperature used in these

particular experiments. A high superheat temperature will lead to an increase in the

amount of thermal energy that must be dissipated from the atomized droplets during

solidification, delaying the onset of solidification. The results of Trapaga and co-workers

[203] show that although the initial cooling rate of a fully liquid droplet impacting at the

substrate is higher, the arrival of other fully liquid droplets onto this initial layer tends to

decrease the overall ,zooling rate in the deposit. This is further complicated by the

presence of presolidified droplets during impact. 17ork in this area is continuing.

Comparison of the results obtained from experiment 16 to those from experiment 17

provides some insight into the effects associated with the presence of SiCp. The

calculated results and those from X-ray analyses show that the material from experiment

17, containing 12 vol. % SiCp (experiment 17), retained approximately 50% of the wt.%

Ti in solid solution when compared to the material containing only 2 vol. % SiCp

(experiment 16). Some remarks on the possible effects of SiCp on the interfacial velocity

during solidification are pertinent. The presence of SiCp in front of the interface during

solidification increases the viscosity of the liquid and slows down the velocity of
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interface. This concept was used by Stefanescu and co-workers [97] in explaining

particulate entrapment. Accompanying a reduction in interface velocity will be an

increase in the probability that Ti will come out of solution and precipitate in the form of

A13Ti. Furthermore, the high level of superheat used in experiment 17 will most likely

have contributed to the observed low amount of Ti in solid solution, by delaying the onset

of solidification until after impact with the deposition surface. Numerical results (Table
33), which show that a large proportion of the droplets were completely liquid at this

flight distance, support this hypothesis.

In the above discussion, the excess solid solubility of the spray atomized and co-

deposited materials was rationalized on the basis of the cooling rate and the processing

conditions used. Other factors, such as local undercooling and interfacial velocity, will

affect the formation of an extended solid solution. Nevertheless, our results suggest that

the formation of an extended solid solution during spray atomization and deposition

processing is closely linked to the solidification environment of the droplets prior to

impact.

6.4.4. Elevated Temperature Mechanical Behavior

A summary of the elevated temperature mechanical behavior of the spray atomized,

deposited and hot extruded Al-Ti alloys (SD) is shown in Table 30 and Figure 61 and

compared to those of equivalent materials prepared by powder metallurgy (PM) and

mechanical alloying (MA). The results shown in this table for the A1-4Ti and Al-2.3Ti-
SiCp materials were obtained after a 99 hour anneal, followed by mechanical testing at

the designated temperature. The results in Table 30 and Figure 61 shows that the

elevated temperature properties of the spray deposited materials compare favorably to

those of the powder metallurgical materials, are superior to those of the ingot materials,

but are inferior to those of the mechanically alloyed material. The excellent mechanical

properties of the mechanically alloyed materials can be attributed to the development of a

fine dislocation-precipitate (oxides and carbides) network during alloying that effectively

stabilizes the microstructure during deformation [177-180, 182]. The higher thermal

stability of the spray atomized and deposited materials, relative to that noted for the cast

ingot and extruded material, can be attributed to the faster quench rates, with

concomitant microstructural refinement resulting from the spray deposition stage. This

observation is supported by the sharp reduction in grain size and the absence of primary
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Al3Ti phase observed for the as-spray deposited reinforced material, relative to that of the

as-cast Al-Ti ingot.

Inspection of the ays values from Table 30 shows that at 250 °C the MA and SiCP

containing spray deposited materials retained 60% of their room temperature yield

strength whereas the unreinforced spray deposited ai,d PM materials retained only 45-

50%. The higher thermal stability of the spray deposited material, relative to that

obtained with the PM material, can be attributed to the coarser grain size of the former

(21.7 pm) relative to that of the latter (1-5 g.m). In addition, it is likely that the presence

of a dislocation network in the vicinity of the Al\SiCp interface, as previously discussed,

will enhance the thermal stability of the spray deposited maNc.i,' N :-r.'ous studies have

shown that P I the dislocation density found in as-quenched, age-hardenable Al

alloys is low [204], typically less than 105/cm 2 , the dislocation density in reinforced Al

matrices [2051 is on the order of 1013/cm 2 . These dislocations, generated in order to

accommodate the thermal mismatch strains associated with the differences in the thermal

coefficient of expansion of the matrix and the reinforcement, are located primarily at the

reinforcement-matrix interface and decrease with increasing distance from the interface

[205). Finally, inspection of the cys values obtained at 350 'C and shown in Table 30

suggests that, except for the mechanically alloyed material (0.46 cyys, RT), all of the alloys

have lost a subst.,ntial fraction of their room temperature yield strength (0.20-0.30 Oys,

RT) at this temperature.

The higher room temperature strength of the unreinforced spray deposited material,

relative to that of the reinforced spray deposited material can be attributed to the higher

concentration of Ti of the former (4 wt.%) relative to that contained in the latter material

(2.3 wt.%). The presence of a distribution of nanometer size A13Ti particles in the

unreinforced material will provide more effective strengthening relative to that which can

be obtained with micron size SiCp in the reinforced material. This relationship is evident

from the Orowan equation, where the flow stress for a metal strengthened by a dispersion

of secondary phases can be estimated from:

+ GbT(48)

where tm in the matrix flow Stress, G is the modulus of rigidity, b is the Burgers vector,

and I is the planar center to center spacing between the dispersoids. Since interparticulate
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spacing, 1, is inversely related to the number of particles for a constant volume fraction, a

finer dispersoid will provide more effective strengthening.

Significantly, the room temperature flow stress of the spray deposited material was higher

than that obtained for the powder metallurgical material, at the expense of elongation.

This finding is unexpected in view of the fact that, on the basis of quench rates, the grain

size of the powder metallurgical material should be substantially smaller than the grain

size resulting from spray atomization and deposition. This behavior, although not clearly

understood, is thought to be related to crystallographic induced streng:hening resulting

from the small diameter extrusions.

Regarding deformation and fracture, analysis of fractured samples from experiments 15

and 16, before and after thermal annealing, revealed the presence of a ductile mode of

failure; Figure 62 shows one example from experiment 16. The extent of ductile fracture

increased with incieasing annealing time, consistent with the results from the elevated

temperature tests which showed an increase in elongation at higher temperatures for both

the unreinforced and reinforced materials (see Table 30). Regarding the morphology of

the dimples it was noted that as the annealing time increased, the edges of the dimples

became more irregular in both the unreinforced and reinforced materials, a phenomenon

explicable as the precipitation of the AI 3Ti phase in the matrix as a result of thermal

exposure.

6.5. Conclusions

1. The results presented in this paper suggest that spray atomization and co-

deposition processing may be successfully utilized to manufacture high

temperature Al-Ti metal matrix composites.

2. The results of X-ray and microanalysis studies revealed the presence of a

supersaturated solid solution of Ti in a Al in the spray atomized and co-deposited

material, with Ti concentrations in the 0.8 - 1.1 wt.% range. The formation of an

extended solid solution was discussed in light of the cooling rates present during

atomization, and subsequently, during deposition. The results from X-ray

diffractometry studies showed extensive precipitation and coarsening of the Al 3Ti

phase during thermal exposure.
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3. The results of hardness studies suggest that the as-spray atomized and deposited

materials remained thermally stable for temperatures of up to 500 'C. In

comparison, the cast, and cast-and-hot-extruded IM A]-6Ti materials suffered a

considerable loss of hardness at temperatures as low as 300 'C.

4. The elevated temperature properties of the spray deposited and extruded materials

compared favorably to those of an equivalent alloy made by powder metallurgical

materials, were superior to those of the ingot material, but were inferior to those

of mechanically alloyed Al-Ti materials. The difference in mechanical behavior

was discussed in reference to the microstructural differences noted among

three types of materials.
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CHAPTER 7

7.0 Creep Behavior of Discontinuous SiC-Al Composites
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7.1. Introduction

Metal matrix composites (MMCs) combine metallic properties (ductility, toughness and

environmental resistance) with ceramic properties (high strength and high modulus).

Accordingly, MMCs offer several advantages in applications where high strength, high

modulus and good conductivities are desirable. Interest in MMCs for structural

applications has increased in recent years as a result of (a) the availability of a wide

variety of reinforcements, (b) the development of new processing techniques, and (c) the

potential of producing superior MMC components for structural applications.

Of the MMCs having reinforcements in a discontinuous form (whiskers and particulates),

silicon carbide reinforced aluminum alloys have attracted considerable attention for

several reasons. First, SiC fibers, which are derived from rice hulls and which have led to

the use of platelet and particulate SIC, are relatively inexpensive and can be produced in

large quantities. Second, silicon carbide reinforced aluminum composites can be formed

into useful shapes using conventional metal working processes such as forging and

extrusion. Third, the composites exhibit isotropic properties with considerably improved

strength and modulus compared to unreinforced aluminum alloys; accordingly, these

composites are more suitable for general applications where the highly directional

properties with continuously reinforced MMCs are not required.

In recent years, the high-temperature creep behavior of discontinuous silicon carbide

reinforced aluminum alloys (whisker and particulate) has been the subject of creep

investigations [84, 89, 110, 206-2081 that aimed at assessing the potential of these

composites for use as materials for high temperature applications. As a result of these

investigations, several sets of experimental data are now available.

The purpose of this paper is two-fold: (a) to review and discuss the implications of the

experimental data of creep investigations on discontinuous SiC-Al composites, and (b) to

examine the origin of the high-temperature strengthening in these composites in the light

of available suggestions and treatments.
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7.2. Analysis and Discussion

7.2.1 Creep Investigations on SiC-Al Composites

Several experimental creep studies on discontinuous silicon carbide aluminum
composites were reported (Table 34) and a summary of the results of these studies is

given below in chronological order.

Webster [110] conducted compression creep tests on silicon carbide whisker reinforced

aluminum composites containing 3 to 5 wt% Li in the temperature range of
505 K - 866 K. The results published by Webster [110] have revealed that lithium

addition increases the str .gt:.ening effect of SiCw at room and elevated temperatures; in

addition to reducing density, the presence of Li enhances the wetting behavior of the
composite. Despite this importart finding, the creep data obtained by Webster only

covered a very high range of strain rates; 10-3 s"1 < £ < 5 x 10-1s "1, where £ is the

compressive creep rate. Also, although the creep results were plotted as stress versus
creep rate for various temperatures, no attempt was made to infer the apparent stress

exponent or the apparent activation energy for creep.

Nieh [84] studied the creep behavior of SiC whisker and SiCp reinforced 6061 aluminum
composites in the temperature range of 505 K to 644 K. He has reported that while both

types of composites exhibit steady-state creep, the whisker reinforced composite is more

creep resistant than the particulate composite; this behavior was attributed to the

difference in load bearing capabilities and the relative strengths of the two types of
composites. Also, the results, as reported by Nieh [84], have indicated that the steady-

state creep rate in both materials depends strongly on temperature and the applied stress;

the stress exponent is very high (n =21) and the activation energy is almost three times as

high as the activation energy for self diffusion in aluminum, QD.

Nardone and Strife [206] examined the effects of stress and temperature on the creep

behavior of SiC whisker reinforced 2124 aluminum (T4). They have reported that the

stress exponent changes from a low value of 8.4 at 450 K to a high value of 21 at 561 K

and that the measured activation energies are much higher than that for self diffusion in

aluminum; the activation energy increases from a value of 277 kJ/mole in the temperature

range of 423 K - 477 K to a value of 431 Id/mole in the temperature range of

547 K - 575 K. These experimental results were interpreted in terms of an effective



178

0*

* *c

\C4 C14 (N

C-

I- OR Ln ON

* e 0' ON ON ON C- ON

Cll

I- N
Mf /
- -c

- O 1- N N r
ori v I~~. ~ i' C u~N

4d
>- r



179

stress, oe (Ge = C - ao, where a is the applied stress and 00 is a threshold stress).
Nardone and Strife [206] have suggested that three strengthening mechanisms may
contribute to the presence of uo. These are: (a) a high rate of composite hardening at

lower testing temperature; (b) load transfer from the matrix to SiC whiskers at all
temperatures; and (c) the stress necessary to unlock the dislocations from the
reinforcement/matrix interface. It is worth mentioning that while Nardone and Strife
[206] explained their experimental data in terms of a threshold stress, their data did not
show conclusive evidence for the presence of such a threshold stress.

The data of Nardone and Strife [206] were criticized bv Nieh et al. [207] who identified
the following three problems with the data: (a) Nardone and Stife's claim that steady-

state creep was attained; the data of Nieh et al. [207] have shown that steady-state is not
well-defined in composites, (b) the measurement of the stress exponents for creep by
performing stress change tests; a procedure which is not reliable under the condition of
limited creep ductility for composites tested in tension, and (c) the short duration of creep
tests at very slow rates.

Nieh et al. [207] studied the creep behavior of 20 vol. percent SiCp-2124 Al in the
temperature range of 623 K- 723 K. In conducting the study, Nieh et al. [207] tested
specimens of the composite using a double shear configuration which resulted in strains
of the order of 40 percent; these strains are higher than those reported in tension under
conditions of constant stress (2-4 percent). The creep data obtained by Nieh et al. [207]
have revealed the following: (a) the creep curve of the composite exhibits a very short

steady-state stage; a minimum creep rate, rather than steady-state rate, exists, (b) the
minimum creep rate depends strongly on both the temperature and the applied stress; the
apparent activation energy (400 kI/mole) is almost three times as high as that for self
diffusion in Al (142 kJ/mole) and the stress exponent is about 9.5, (c) the minimum creep
rate can be described by a power law of the applied stress according to the equation;

9= At 5 exp4( 0), (d) the stress exponent is nearly constant over three orders

of magnitude of strain rate, and finally (e) the creep strength of the composite is
dominated by that of the aluminum matrix.

Morimoto et al. [208] studied the creep behavior of unreinforced 6061 Al and 15 vol.

percent SiCw-6061 Al composite at 573 K. They [208] used an exponential type law
(i = A exp (Oct)) to fit the creep data and to describe the stress dependence of creep rate
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for both the matrix alloy and the composite. The results have indicated that the steady-

state creep rate of the composite is two orders of magnitude slower than that of the

unreinforced matrix. These experimental results on the composite have been explained in

terms of a creep model that assumes the occurrence of interfacial debonding with

increasing the applied stress.

One important common characteristic of the creep studies conducted by Webster [110],

Nieh [84], Nardone and Strife [206], and Nieh et al. [207] on discontinuous reinforced

silicon carbide aluminum composites is that the experimental data of these studies

describe the creep behavior of the composites over three orders of magnitude of strain

rate (,.r less) [for example, see Figure 65]. Because of this characteristic, it is difficult to

establish whether the stress exponent is genuinely constant, as suggested by the above

studies, or increases with decreasing the applied stress, as reported for dispersion

strengthened (DS) alloys [209, 210]. Very recently, this issue was addressed in an

investigation by Park et al. [89] who creep tested a 30 vol. percent silicon carbide

particulate reinforced aluminum alloy (SiCp-6061 Al) over seven orders of magnitude of

strain rate (3 x 10- 9s0 - 9 x 10-2s-l). The creep curves reported by Park et al. [89] (for

example, see Figure 66a) are similar to those reported by Nieh et al. [207] in regard to:

(a) the short duration of the secondary stage; in most cases, the steady-state stage does not

exceed 8% strain, and (b) the large creep strains attained under the condition of double

shear testing; SiC-Al crept in tension [84, 206] exhibited small strains of the order of 2-

4%. The steady-state creep data of Park et al. [89], which are plotted in Figure 66b as

shear strain rate, j', vs. shear stress, -t, on a logarithmic scale, show that the data are

divisible in two regions: high-stress region (region I) and low-stress region (region 11).
In the high-stress region, the apparent stress exponent, na(na = DIn Y/Dn't ), increases very

slowly with decreasing the applied stress; as shown in Figure 66c, the experimental data

obtained at high stresses can be fitted by a straight line whose slope (=na) is close to 7.4.

The observation that the stress exponent at high stresses (region I) is approximately

constant is compatible with those reported by Nieh [84], Nardone and Strife [206], and

Nieh et al. [207] (see the above section). In the low-stress region (region II), the apparent

stress exponent, na, not only is higher than that measured iM the high-stress region but

also increases rapidly with decreasing stress. This finding is clearly demonstrated in

Figure 66d, where the measured stress exponent, na, is plotted against the applied shear

stress at 648 K. Also, the creep data of Park et al. [89] have indicated that the apparent

activation energy for creep in the composite increases with decreasing the applied stress
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and that the values of this energy in both re-ions I and I1 are much higher than the energy

for self-diffusion in Al.

The creep behavior of discontinuous SiC-Al composites, as summarized in the preceding

section, is now examined in the light of the predictions of available models and

treatments.
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Figure 65Data of creep investigations on discontinuous SiC-Al alloy composites plotted

as shear strain rate, ', vs. shear stress, r (logarithmic scale). The tensile data

from refs. [841, 1206] and [208] were transformed to shear data by using T = /2
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Figure 66 (a) Example of creep curve for 30 vol.% SiCp-6061Al.
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Figure 66 (c)The dependence of steady-state creep rate on the applied stess in the

high stress region (region 1) for 30 vol.% SiCp-6061A1 at 648K [89]; the

apparent stress exponent, na, is nearly constant with a value of -7.4.
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Figure 66 (d)The apparent stress exponent, na, as a function of the applied stress, "t,

in the 30 vol.% SiCp-6061A1 at 648K [89].

7.2.2 The Shear-lag Models

The shear-lag approach 1211, 212] was used by Kelly and Street [213] to predict the creep

rate of discontinuous composites as a function of the applied stress and some geometric

parameters such as the fiber aspect ratio. The basic features of such an approach are: (a)

the composite consists of aligned short fibers that are embedded in the creeping matrix,

(b) the load is transferred from the matrix to the fiber by shear loading at the fiber/matrix

interface, (c) load transfer to the fibers via direct stresses across their ends is negligible,

and (d) the matrix creep rate obeys a creep power law ( = Aan) . The above shear-lag

approach was later modified by other investigators [7, 214, 2151 to include the following:

(a) the contribution of friction and mean stresses [214], (b) the effect of the transfer of

tensile load at the short fiber ends [7], (c) the occurrence of debonding at the interface

[2151, and (d) the description of the matrix creep behavior by an exponential law

( =Aexp(3a)) [215).

Although the shear-lag models have provided useful insight into the process of load

transfer from the matrix to the fiber and the state of stress within a fiber, some of the
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assumptions and predictions of these models are not consistent with the microstructure

and creep behavior of discontinuous SiC-Al composites. First, the assumption of aligned

short fibers is not representative of the actual case of SiCw-A1 composites where

whiskers are usually misoriented. Second, in the shear-lag model proposed by Kelly and

Street [213], the stress exponent for the composite in the absence of creep in the fiberst is

equal to that for the matrix. This characteristic contrasts with available experimental

evidence which shows that the stress dependence of creep rate in the composite is much

stronger than that in the matrix [84, 207] (see Table 34). Third, the shear-lag analysis

performed by Morimoto et al. [208] has shown that under the condition of progressive

interfacial debonding with increasing stress, the stress exponent for the composite is

higher than that for the matrix. While the results of the a,7y-iYns of Morimoto et al. [208]

seem to provide a possible explanation for the higher stress exponents noted in

discontinuous SiC-Al composites, the concept of interfacial debonding, on which the

analysis is based, is in conflict with two experimental observations: (a) a preliminary

scanning electron microscopy study [208] conducted on a crept SiCw-Al composite that

was unloaded at room temperature revealed no evidence for the occurrence of

debonding*t, and (b) the creep results of Park et al. [89] on a SiC-Al composite have

indicated much stronger stress dependence of the creep rate at low normalized stresses,

where debonding, according to the analysis of Morimoto et al. [208], is not expected to

occur. Also, the data of Park et al. [89] have shown that the stress exponent measured at

648 K decreases from a value of about 25 at 10 MPa to a value of about 7.4 at 40 MPa. If

debonding occurs at 10 MPa, leading to a high stress exponent of 25, it is expected that

due to the increasing significance of debonding at higher stresses, the stress exponent

would increase with increasing the applied stress from 10 to 40 MPa. This expectation

contrasts with the actual behavior [89] which exhibits the opposite trend.

7.2.3 Finite Element Continuum Treatment

Very recently, Dragone and Nix [216] studied the creep behavior of discontinuous metal

matrix composites by a continuum mechanics treatment utilizing finite element

techniques. The analysis of the treatment was performed under the following conditions:

t Under the experimental conditions (temperatures and stresses) used in testing discontinuous SiC-
Al composites, the creep of SiC reinforcement would not be significant.

tt It was suggested [208] that debonding may have been closed upon unloading. However, in the
absence of conclusive experimental evidence, the validity of this suggestion cannot be established.
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(a) the reinforcement phase of the composite was idealized as a regular, aligned and

periodic array of short fibers or plates, and (b) during deformation, the matrix obeyed a

creep power law, while the reinforcement phase remained elastic. The numerical results

of the above treatment have revealed three main findings. First, large triaxial stresses

develop in the matrix near the center of the reinforcement phase, and the presence of

these stresses leads to reducing creep rates in the composite. Second, reinforcement

phase geometry and arrangement (volume fraction, aspect ratio, separation) have a strong

influence on determining the creep rate. Third, the predicted creep lawttt is in agreement

with the measured creep rates for a silver-40% tungsten composite [217], but not with the

measured creep law for a silicon carbide-aluminum composite [84]. Dragone and Nix

[216] proposed several explanations for this discrepancy between the behavior of the Ag-

40% W composite and the SiC-Al composite including: (a) the operation in the SiC-Al

composite of other deformation mechanisms that were not considered in the continuum

approach, (b) the presence of a critical reinforcement diameter or dimension below which

the continuum mechanics approach is not applicable; however, as pointed out by Dragone

and Nix [216], the fine 5 .tm diameter of SiC whiskers in the composite tested by Nieh

[84] is much larger than the estimate of the critical value, and (c) the accumulation of

damage (the formation of voids or the occurrence of debonding) in the SiC-Al composite

at the interface and in the matrix; according to Dragone and Nix [216], the accumulation

of damage in the matrix would accelerate the creep rate and would introduce a different

stress exponent into the creep law [216]. Also, the results of Dragone and Nix [216] have

indicated that large stresses develop at the interface, a finding which raises the possibility

that interfacial debonding may take place. However, as discussed in section 2.2,

preliminary experimental evidence reported elsewhere [208] does not provide strong

support for this possibility. Additional work is therefore needed to clarify the issue of

interfacial debonding in SiC-Al composites.

7.2.4 Deformation Models Based on Dislocation Motion

Consideration of the results of the experimental investigations on discontinuous SiC-Al

composites indicates that the creep behavior of these composites is similar to that of DS

alloys [209, 210, 218, 219] in regard to: (a) the high values of the stres: exponen t, (b) the

high values of the activation energy for creep, and (c) the increase in the stress exponent

1tt The analysis of Dragone and Nix have shown that the stress exponent for creep in the composite is
equal to that for creep in the unreinforced matrix.
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with decreasing the applied stress. In view of these similarities, it is interesting to

examine whether dislocation processes proposed [209, 220-229] to account for the creep

of DS alloys may also be applicable to the description of the creep of discontinuous SiC-

Al composites. Before attempting such an examination, it is appropriate to briefly review

the characteristics of deformation processes for DS alloys.

It is well-documented that for metals and solid-solution alloys, the dependence of steady-

state rate, Ys, on the applied stress, t, at intermediate stresses can be represented as a

power law of the applied stress according to [230, 231]

s = B ( ,/ G n e xp - , "

where B is constant (sensitive to microstructure), n is the stress exponent, G is the shear

modulus, Qc is the activation energy, R is the gas constant, and T is the absolute

temperature. For pure metals, such as aluminum, and solid-solution alloys of class II

(metal class), such as aluminum-5% zinc [232), n - 5 whereas for solid-solution alloys of

class I (alloy class), such as aluminum-copper alloys [233] and aluminum-magnesium

alloys [234, 235], n can be 3 or 5 depending on experimental conditions and materials

parameters [236, 237]. The creep behavior of metals and alloys of class II is generally

attributed to some form of dislocation climb process [230, 231, 236-238] whereas that of

alloys of class I is generally attributed to the presence of a viscous drag process operating

on the dislocations during glide [230, 231, 236, 237, 239].

The introduction of incoherent, non-shearable second phase particles into metallic

materials leads to improving the creep resistance of these materials. Compared to metals

and solid-solution alloys, the creep behavior of DS alloys is unusual in two ways [209,

210, 218, 219]. First, the stress dependence of the creep rate, as described by the value of

the stress exponent, is anomalously high and variable; n ranges from about 10 to 75.

Second, the temperature dependence of the creep rate, which is measured by creep

activation energy, is often much larger than that for self diffusion. Most investigators

have attributed the high stress dependence of creep rate to the presence of a threshold
stress, 't; the observed deformation is not driven by the applied stress, ,t, but rather by an

effective stress, Te(Te = T - To). In this case, the rate controlling equation may be

represented by
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s=A("tGt°o) exp(- -2) (50)

Three theoretical deformation models that explain the origin, and give the magnitude of

threshold stresses, were proposed. In these models, the threshold stress is equal to: (a)

the stress required to cause dislocation bowing between particles [209, 220, 221] (the

Orowan stress), '%0 , (b) the extra back stress, Tb, required to create the additional

dislocation line length as the dislocation segment climbs over a particle (local climb)

[222, 2231, and (c) the stress required to detach the dislocation from the particle after

climb is completed [227, 228]. The magnitudes of the above threshold stresses along

with the characterization of various parameters involved are given in Table 35.

Table 35. Models Proposed for DS Alloys

Model Magnitude of 'To Ref.

Orowan stressa 110=0.84 Gb/(X-d) [7. 19, 20]

I -;al c'imb (back stress) tb = 0.3 Gb/X [21, 22]

Detachn ent stressb = tn(1- K2)/ [26-28

a. ?, is the planar spacing between particles, and d is the averagc particle size.
b. Tn is a normalzing stress (En = GbO,) and K is a rc'axation parameter Giat takes on values between

0 (maximum attractive interaction) and l(no attractive interaction).

Recent consider~ltions of the above three threshold stress models have led to the

following important findings:

(a) The measured threshold stresses for creep in DS alloys are less than the values

predicted from the equation of the Orowan stress by a factor ranging from 1.25 to 2.5

[222, 2401. More significantly, it was suggested [229] that the concept of the Orowan

stress may not be applicable to the description of deformation of DS alloys at high

temperatures and low stresses, since, under these experimental conditions, the moving

dislocations can by-pass hard particles by climbing.

(b) Deformation processes based on dislocation climb alone cannot provide a

satisfactory explanation for the creep of DS alloys in terms of a threshold stress. First,

although models based on "local" climb [222, 223] yield threshold stresses that are in

good agreement with those estimated from experimental data on DS ailoys, "local" climb,
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if it occurred, would result in a sharp dislocation curvature (at the point where the

dislocation meets the particle) [224] that can be rapidly relaxed by diffusion, leading to

more "general" climb. Second, models based on "general" climb [224-226] predict either

an insignificant threshold stress or a threshold stress that is proportional to the applied

stress.

(c) The possibility that an attractive interaction between dislocations and particles

exists is supported by both theoretical [241] and experimental studies [242-244]; for

example, transmission electron microscopy (TEM) [242-244] studies have revealed that

the dislocations remain bound to the particles after climb has been completed. As

demonstratea elsewhere [227, 228], _,ich an attractive particle-dislocation interaction in

DS alloy leads to a well-defined threshold stress for creep which must be exceeded in

order to detach the dislocation from particle after climbing. Most recently, it has been

suggested [229] that dislocation detachment from the particle may be thermally activated

and that in this case, creep may occur below the athermal "detachment stress". This

suggestion, which has been developed quantitatively [229], has resulted in the following
rate equation for creep.

Gb 2 r [0 - K312

/D=3 exp I kTd) (51)

where i is the tensile creep rate, D is the coefficient of self diffusion, X is the particle

spacing, p is the mobile dislocation density, b is the Burgers vector, r is the particle

radius, K is the relaxation parameter, a is the tensile creep stress, and Od is the tensile

detachment stress. The above rate equation, which does not include a "true" threshold

stress, was shown to give good agreement with the experimental creep data of some

large-grained DS alloys.

The stress exponent and the activation energy for creep in discontinuous SiC-Al

composites are now examined in the light of the predictions of the above deformation

processes for DS alloys.

7.2.4.1 The stress exponent for creep. In the present analysis, three basic assumptions

are made: (a) the presence of a threshold stress is the cause of the high apparent stress

exponent [84, 89, 206-208] and its variation with the applied stress [89] in silicon carbide

particulate reinforced aluminum alloys, and accordingly Eqn. 50 describes the creep

behavior of these composites, (b) the threshold stress is independent of the
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As a first step in the analysis, to was estimated from the data of Park et al. [89] since

these data, unlike those reported by other investigators [84, 110, 206-208], cover a wide
range of strain rate (seven orders of magnitude). In estimating 'ro from the data, two
procedures were used. In the first procedure, the experimental data at a single

.1/n
temperature were plotted as Y against t on a double linear scale. If the creep of the
composite obeys Eqn. 50 and if to is constant for each test temperature (independent of

the applied stress), the data points of the above plot will fit a straight line whose
extrapolation to zero strain rate gives the value of -to. Figures 67a, 67b, 67c, and 67d

.1/n
represent the plot of 7 vs. -, for

n = 3, 5, 7, and 8, respectively. These values of the stress exponent, n, were selected to
treat four well-documented cases regarding the creep behavior of materials: n = 3 for
creep controlled by viscous glide processes [230, 231, 236, 239], n = 5 for creep
controlled by high-temperature dislocation climb (lattice diffusion) [230, 231, 236, 238],
n = 7 for creep controlled by low-temperature climb (core diffusion) [245], and n = 8 for
lattice dif ,ion-controlled creep with a constant structure [246]. Inspection of Figures.
67a, b, c, and d indicates that the stress exponent of 5 yields the best linear fit between

1 1/n
Y and t; for n = 3, n = 7, and n = 8, the data of the plot exhibit curvature with

increasing the applied stress.

The second procedure for determining 'to is based on the finding that when modified

power law creep associated with a threshold stress (Eqn. 50) describes the creep behavior
of a material, the relation between the apparent stress exponent, na, the true stress
exponent, n, the applied stress, t, and the threshold stress, 'to, is given by [247]

n
na= 1'-t 't (52)

The values of n and rto for each test temperature were estimated from the data of Figure
66b by plotting na as a function of r (see Figure 66d) and by applying Eqn. 52 to such a
plot. Table 36 summarizes the results obtained from the above two procedures. An
examination of this Table yields the following observations: (a) the values of to
estimated from both procedures are essentially identical, (b) 'to is sensitive to
temperature; ro increases with decreasing temperature, and (c) the average values of n

determined from the second procedure (n _- 5) is consistent with the finding deduced from
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the first procedure that the true stress exponent characterizing the creep behavior of the

composite is about 5.

Table 36. Estimated Values for o (MPa)

T, K Procedure 1* Procedure 2**

618 10.64 9.85

648 8.56 8.10
678 7.27 7.08

.1/n
The first procedure used in estimating to from the data of Park et al. [89] ( Y vs. t) was

applied to the creep data of SiC-Al composites that were reported by Nieh [84], Nieh et
al. [207], and Morimoto et al. [208]. In this case, n = 3, n = 5, n = 7, and n = 8 were also

.1/n
used, and Y was plotted against t; the tensile data of Nieh [84] and Morimoto et al.

[208] were transformed to shear data using it = - and t = "5'. Examination of the

data as plotted in this form in Figures 68a, 68b, 68c, and 68d, for n = 3, n - 5, n = 7, and
n = 8, respectively, reveals the following observation: n = 5, n = 7, and n = 8 are capable

of describing these data in terms of a threshold stress; for n=3, the data of refs 84 and 208
exhibit curvature. One possible reason for such an observation, if the creep behavior of
the composite obeys Eqn. 50 and if the assumptions regarding to are valid, is that the data

of these three investigations extend over only three orders of magnitude of strain rates at
high stresses, and accordingly the range of strain rate is too limited to provide an
unambiguous answer regarding the appropriate value of the true stress exponent. This

explanation is supported by the finding that the high-stress data obtained by Park et al.
[89] in region I (extending over three orders of magnitude of strain rate) can be fitted by a

.1/n
straight line on the plot of Y vs. t for either n = 5, n = 7 or n = 8. In this context, it is

worth mentioning that Mishra and Pandey [248] also analyzed the data of Nieh [84], and

Morimoto et al. [208] in terms of a threshold stress assuming n = 8. They concluded that

the observed linearity between i1/8 and o validated the assumed value of n. However,

the present analysis shows that the data can be equally fitted by a straight line when n is

assumed to be -5 or 7.

Substructural data regarding subgrain development during the creep of discontinuous

SiC-Al composites may provide guiding information that helps establish the value of the
true stress exponent associated with the creep of these composites (whether 3, 5, or 8).
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As documented elsewhere, viscous glide creep for which n = 3 is characterized by the

absence of subgrains [235]; climb-controlled creep for which n - 5 leads to the formation

of subgrains whose average size is inversely proportional to the applied stress [230, 231,

249]; and lattice diffusion-controlled creep with constant structure for which n - 8

requires that the subgrain size remain constant over the entire stress range.

The data of Park et al. [89] are analyzed below in an attempt to explore possible sources

of the threshold stress. The selection of the data of Park et al. for such an analysis is

justified by several considerations. First, as mentioned previously, the data of Park et al.

[89] represent the only set of experimental data on the creep of discontinuous SiC-Al

cc'nposites that covers an extensive range of strain rates, a characteristic which is

important in determining whether the stress exponent is constant or variable. Second, the

data of Park et al. [89] were obtained in shear under the condition of large creep strains

where steady-state creep can be unambiguously defined. Third, the data were obtained

using the procedure of uninterrupted tests (several identical specimens are crept at

different stresses). This procedure is more reliable in measuring the stress exponent than

that of stress-change test; especially when the duration of the steady-state stage during

creep, as reported in discontinuous SiC-Al composites, is short. Finally, the true stress

exponent for creep that is inferred from the other creep data on SiC-Al composites [84,

206-208] is not uniquely defined; according to Figures 68a, 68b, 68c, and 68d, n could be

3, 5, 7, or 8.

Table 37 provides a comparison between the values of To estimated from the creep data

reported by Park et al. [89] and those predicted from the three threshold stress models for

DS materials. In performing the comparison, the following assumptions, values and

approximations have been used [89].

a. SiCp serve as barriers to dislocation motion and give rise to the existence of a

threshold stress for creep.
b. The average SiCp size, a= 3.6g.m [89], the SiCp interparticle spacing, X = 6.6

Im [89], and b = 2.86 x 10-4 gm.

c. The relaxation parameter, K = 0.85.
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d. The shear modulus of the matrix 6061 Al is estimated from the equation available

for Al; present calculations using the shear moduli of both Al and SiC along with

consideration of experimental data [250] on the elastic modulus of SiC-2124 Al show that

there is no significant change in the temperature dependence of the shear modulus of the

matrix as a result of the presence of SiCp.

It is clear from the data of Table 37 that for each test temperature, the three values

predicted for ro are much smaller than those estimated from experimental data. The

discrepancy between prediction and experiment is too large to be attributed to possible

errors made in the values of , d, G, or K.

The above finding that the SiCp do not serve as an effective source for 'to in

discontinuous SiC-Al compositestttt at high temperature is consistent with the result of

an analysis reported by Park et al. [89], and general statements made by other

investigators [84, 207].

In addition, the creep characteristics of the data of Park et al. (high stress exponent and

high activation energy) cannot be explained in terms of thermal activation of dislocation

detachment from SiCp [228], since the athermal detachment stress, Td, is much lower than

the smallest applied stress used in the investigation [89].

Park et al. [89] considered an alternate approach for the source of the threshold stress in

SiCp-6061 Al which was creep tested in their investigation. Such an approach is based

on the suggestion that the oxide particles present in the Al matrix, as a result of

manufacturing the composite by powder metallurgy, serve as effective barriers to

dislocation motion and give rise to a threshold stress for creep. Park et al. [89] have

quantitatively examined the validity of this suggestion under the following conditions:

(a) The oxide content, f, is about 0.16 vol. pct. This value was calculated by

assuming that the original 6061 Al powder shape is spherical; that the average 6061 Al

powder diameter is 15 gm; that the oxide layer is entirely an A120 3 film; and that the

average oxide film thickness is 4 nm.

tttt Although present calculations show that the high stress exponents in SiC-Al composites cannot be

caused by SiC particulates (by introducing to), experimental data [208] and theoretical analyses
(208, 216] indicate that the presence of the particulates reduces the creep rate of the matrix.
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(b) The average planar spacing between the oxide particles, X, is approximately

0.35 gm. This value of X was estimated by assuming that oxide particles are in the shape

of platelets whose average thickness, t, and length, 1, are 4 rnm and 50 nm, respectively,
and by using the expression [242, 251]: X = (It/f)1/2.

By substituting the above value of X into the three threshold stress equations, Park et al.

[89] have shown that the detachment stress, td, coincides closely with the asymptotic

behavior of the creep data on SiC-6061 Al at 648K and that, for this temperature, the
estimated value of td is in good agreement with the value of to inferred from the data.

The above analysis of Park et al. [891 is extended, here, to include the other two
temperatures of their investigation: 618 K and 678 K. Tiie values of ",d estimated from

the expression for the detachment stress along with these inferred from the creep data at

618 K, 648 K, and 678 K are given in Table 38. Examination of the values documented
in the Table shows that while the values of td are in general close to the values of to

(inferred from experimental data), the dependence of 'to on temperature is stronger than

that of td which is attributable to the shear modulus. This difference in temperature

dependence between td and 'ro is illustrated in Figure 69 where td/G and 'ro/G are plotted

against T; because the temperature dependence of td arises from the variation in G with

temperature, td/G is independent of temperature (horizontal line).

Table 38. Comparison between Detachment Stresses for oxide particles, 'rd' and

Creep Threshold Stresses, to, Estimated from [89]

T, K td, MPa tO, MPa

618 8.65 10.64
648 8.45 8.56

678 8.24 7.08

In order to develop an empirical relationship between -to and T, several trial functions

were used. Based on an examination of the plots of these functions, it was concluded that

the variation of to with temperature may be best represented by the following empirical

equation:

,r 0G =B .exp ( RT (53)
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where R (=8.31 moH-K1) is the gas constant, B0 is a constant, and Qo is an energy term

(= 19.3 kWlmole). Figure 70, where the logarithm of rO/G is plotted against 1Ff,

demonstrates the validity of the above equation.
101

30 vol %SiCo-6061 Al

0
0 - T0 IG

600 620 640 660 680 700

T, K

Fig. 69 Comparison between the temperature dependence of the normalized detachment

stress (Td/G) and the normalized threshold stress (tco/G) inferred from the data of

30 vol.% SiCp-6O61Al [89].
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Fig. 70 A plot of the logarithm of the normalized threshold stress (to/VG) against 1/7 for

30Ovol.% SiCp-6O61AI [89].
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Two observations are noted in regard to Eqn. 53. First, the creep data of Nieh [84] on
.1/5

30wt% SiCP-6061A1 at 561 K, when plotted as Y vs. C (Figure 68a), leads to to = 18.6

MPa. This value of to, as shown in Figure 6, agrees very well with the position of the

line representing Eqn. 53. Second, under the condition that Qo < RT and under the

condition of using narrow testing temperature range (variation in G with temperature is

very small), Eqn. 53 can be expressed as

It- =A+ ?(54)

Eqn. 54 is identical with that reported by Mishra and Pandey [248] who, as mentioned

previously, analyzed the creep data of several SiC-Al composites in terms of a threshold

stress, using a true stress exponent of 8 (lattice diffusion-controlled creep with constant

structure). Mishra and Pandey [248] stated that the temperature dependence of ao, as

described by Eqn. 54 (ro = 2-t), can be attributed to a change in Young's modulus with

temperature. However, this statement is seen to be incorrect since, as demonstrated

above, Eqn. 54 was deduced from Eqn. 53 in which the temperature dependence of Co is

much stronger than that attributable to the elastic modulus.

7.2.4.2 Activation energy for creep. Activation energy measurements

[84, 89, 206, 209] reported for discontinuous SiC-Al composites reveal the following

important characteristic: the apparent activation energies, Qa, for creep in discontinuous

SiC-Al composites are high and resemble in trend those reported for DS alloys; Qat >

QD.

It was demonstrated [219] that the high apparent creep activation energies, Qa, measured

in some DS alloys can be corrected to values near those for self diffusion, QD, by

incorporating the contribution of the temperature dependent elastic modulus. However,

present calculations, as shown below, indicate that for SiC-Al composites, the modulus

correction is too small to accour for the difference between Qa and QD.

Theoretical analyses based on shear-lag models [7, 213-215] and finite element continuum
treatment [216] do not explicitly address the issue of the higher activation energies reported for
discontinuous composites.
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Under the conditions that creep is described by Eqn. 49 and that the stress exponent is
constant, the true activation energy, Qc, for creep is related to the apparent activation

energy, Qa, by the following expression [230, 231]:

2nRT .G
Qc=Qa+ +  G T (55)

The second term in the right hand side of Eqn. 55 is the modulus correction term and
would be largest under the following conditions: (a) high temperatures, (b) high stress

exponents, and (c) large values of cG. - is always negative and available experimental
aT' aT

evidence indicates that in SiC-2124 Al composite, -a for the composite is essentially

similar to that for the matrix alloy [250].

Eqn. 55 was applied to the data of several SiC-Al composites; for the data of Park et al.

[89], only the high stress region was considered since in this region the stress exponent
can be approximated by a constant value of about 7.4. The results of the application of
Eqn. 55 are given in Table 39, in which the modulus corrections were subtracted from the

apparent activation energies, Qa, to obtain the true creep activation energy. It is clear
that the calculated true creep activation energies are still higher than that for self
diffusion. This finding demonstrates that the difference between Qa and QD in SiC-Al

composites cannot be accounted for by the contribution of the temperature dependent

elastic modulus.

The present analysis as well as the analysis reported by Mishra and Pandey [248] suggest

that if the high stress dependence of creep rate in SiC-Al composites is caused by the

existence of a creep threshold stress, such a threshold stress depends strongly on
temperature according to Eqn. 53 or 54. Straightforward treatment shows that when Eqn.

53 is combined with Eqn. 50, the relationship between the true creep activation energy,

Qc, and the apparent activation energy, Q, can be expressed as

nRT2 aG + 1 1 I nQoQc-Qa+ G aT L /c 0 - I V't (56)
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Eqn. 56 was applied to the data of Park et al. [89] using n = 5, T(average temperature)=
648K, and Figure 66b which gives Qa vs. 't. In making the calculations, low values of the
applied stress that approach 'co were not used since nQoa( (t'/t o - 1) becomes very large

as t-n'ro. The results of the calculation are presented in Table 40 which shows that the

values of Qc are consistently higher than that for self diffusion in Al; the average value of
Qc = 225 U/mole while QD = 142 U/mole. The finding that Qc > QD can also be

demonstrated using Eqn. 50 and the plot in Figure 67b (, 1/5 vs. 't). According to Eqn.
50, the slope of the straight line, S, that fits the data at a single temperature in Figure 67b

is given by

S = - exp(- QcnRT) (57)

Calculating S from three different temperatures (using n = 5) yields Qc = 2.38 kJ/mole, a

value which is in agreement with those given in Table 40 and which is higher than QD.

The reason for the discrepancy between Qc and QD is not known. However, it is worth
mentioning that creep activation energies measured in some Al solid-solution alloystt

[233, 252, 253] at high stresses, where n=5, are higher than that for self diffusion and
range from 160-210 U/mole: for example, Qc reported for Al-3% Cu [233] under the
above conditions (-r > 5 MPa and n=5) is 205 U/mole.

Table 40. Creep Activation Energy calculated from Eqn. 56

'tapp, MPa Qa*, U/mol Qc, U/mol

12 524 234

14 438 249

16 397 255

18 340 225

20 338 241

22 322 237

24 308 232

26 291 222

28 275 212

30 263 201

32 246 191

Avg. 228

In these alloys, the stress exponent changes from a value of about 3 at intermediate stress, where
Q, = QD, to a value of 5 at high stresses, where Q,> QD-
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While the origin of the temperature dependence of the threshold stress in SiC-Al

composites, as suggested by the present analysis, is at present not clear, it is interesting to
note that Eqn. 53 is similar in form to that reported for the temperature dependence of the
threshold stress in superplastic materials [247, 254]. For superplastic materials, it was

suggested [247, 254] that impurity atom segregation at boundaries and their interaction

with boundary dislocations give rise to a threshold stress which is proportional to exp
(E/RT), where E is the binding energy between an impurity atom and a dislocation. It is
quite possible that in Al-SiC composites, impurity atoms play a similar role since

experimental evidence documented elsewhere [19] indicates that impurity segregation

occurs at the interfaces between the matrix and particles. If these impurities are able to

diffuse to the dislocation that is captured at the detachment side of the particle and if

binding between impurity atoms and the dislocations is very strong, a threshold stress
which would be proportional to exp (E/RT) is necessary before the dislocation breaks

away from the particle (it is assumed that the detachment stress is smaller than the stress

required to tear a dislocation from an impurity atmosphere at the interface between the

particle and the matrix). While more systematic data which describe the creep behavior

of several SiC-Al composites over an extensive range of strain rate are needed to examine

the validity of the above possibility, it is worth noting that the value of Q0 in Eqn. 53

(19.3 kJ/mole = 0.2 eV) is not unreasonable when compared with those estimated for

binding energies between impurity atoms and lattice dislocations (0.1 - 0.3 eV) [255].

7.3. Conclusions

1. The creep behavior of discontinuous SiC-Al composites is similar to that of

dispersion strengthened (DS) alloys in regard to: (a) the high values of the stress

exponents; the stress exponent, n, in these composites ranges from about 7 to 25, and (b)
the high value of the apparent activation energies; the apparent activation energy, Qa, is

much higher than that for self diffusion in Al, QD. Also, a very recent experimental study

has shown that the creep of a discontinuous SiC-Al composite, like that of some DS

alloys, exhibits an increase in the stress exponent with decreasing the applied stress.

2. The creep behavior of discontinuous SiC-Al composites is not entirely consistent

with the assumptions and predictions of the shear-lag models and the finite element

continuum treatment. However, the results of the models and the treatment have
provided new insight into: (a) the process of load transfer from the matrix to the fiber, (b)
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the state of stress within a fiber, (c) internal stress distributions in the matrix, (d) the

origin of the lower creep razes in discontinuous composites, and (e) the role played by

reinforcement phase geometry in affecting the overall deformation rate. Further

development and extension of the above models and treatment to address in detail

important issues such as void formation and debonding occurrence should lead to
enhancing our understanding of high-temperature strengthening in discontinuous

composites.

3. The similarity in creep characteristics between discontinuous SiC-Al composites

and DS alloys suggests that the creep behavior of the former, like that of the latter, may

be explained in terms of a threshold stress for creep. However, by using the various

threshold stress models proposed for DS alloys, it is shown that the threshold stresses

introduced by SiC reinforcements are much smaller than those estimated from

experimental data.

4. Present calculations based on the suggestion that the fine incoherent oxide

particles present in Al matrix, as a result of manufacturing SiC-Al composites by powder

metallurgy, serve as effective barriers to the dislocation motion result in detachment
stresses, Td, that closely agree with threshold stresses, 'To, estimated from experimental

data. Despite this agreement, the temperature dependence of the estimated threshold

stresses is much stronger than that of the detachment stresses and is given by

t,r/G =B 0 exp (RT

where G is the shear modulus, Bo is a constant, Q0 is an activation energy term, R is the

gas constant, and T is the absolute temperature.

5. The difference between the apparent activation energies for creep in SiC-Al

composites and the activation energy for self diffusion in Al cannot be accounted for by

the contribution of the temperature dependent elastic modulus.

6. An expression relating the apparent activation energy for creep, Qa, to the true

activation energy, Qc, was developed for the situation in which the creep behavior is

described by power law creep associated with a threshold stress that is given by the above

equation (strong temperature dependence). By using this expression, it is shown that the
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high apparent activation energies for creep in a SiCp-Al composite can be reduced to

values that are slightly higher than those of creep energies measured in some Al alloys at

high stresses.

7. Despite the important contributions of the results of recent studies (experimental
investigations and theoretical treatments) on discontinuous SiC-Al composites, additional

work (experimental and analytical) is still needed: (a) to examine whether the increase in

the stress exponent for creep with decreasing the applied stress, as reported by Park et al.

[89], represents a genuine creep characteristic in these composites, (b) to investigate
whether the concept of a threshold stress for creep is capable of accounting for the high
-' ar,'nt stress exponent for creep in several discontinuous SiC-Al composites containing

different matrices and different reinforcement configurations and shapes, (c) to determine
whether interfacial debonding occurs and, if it occurs, to examine its effect on the power

law creep, and (d) to study dislocation activities in the composites and to identify the
nature and type of particles that may interact with dislocations (whether these particles

are SiC reinforcements, oxides, etc...).
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H. NOMENCLATURE

a(di) acceleration of the droplet of diameter di (m/sec2)

A surface area of droplet in contact with a (M2)

single particulate

Ad droplet surface area (m2)

Af area fraction of SiCp (M2)

As SiCp surface area (M2)

b burger vector

C constant (--)

Cdrag drag coefficient for motion of sphere in fluid(--)

CL specific heat of liquid (J/kg K)

Cp specific heat of melt (J/kg K)

CPL specific heat of the particulates (J/kg K)

CSiC specific heat of SiCp (J/kg K)

d interatomic distance (i)

d16 droplet diameter equal to the upperbound (m)

of 16 pct of the droplets

d50 mass mean droplet diameter (i)

d84 droplet diameter equal to the upperbound (m)

of 84 pct of the droplets

do diameter of the metal delivery tube (m)
D average grain diameter (m)

D(f) diameter of the fluidization chamber (m)
Df driving force for wetting (N)

DLM self diffusion coefficient of the solute

computed at the melting temperature (m2/sec)
Dp nominal size of SiCp (m)

E primary electron energy (Mev)

f friction factor of the fluidization chamber (--)

f (di) mass fraction of droplets of diameter di (--)

fj fraction liquid (--)

fs fraction solid (--)

Fimpact impact force due to impinging droplets (N)

Fr repulsive force (N)

AFnet change in free energy (J)
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g gravitational constant (m/sec2)

G modulus of rigidity (GPa)

Ga Galileo's number (--)

h heat transfer coefficient between droplets (W/m2 K)

and gas

H (di) heat content of a single droplet (kJ)

Hf latent heat of fusion (kJ/kg)
H droplet/Kg total thermal per unit mass of a single (k)

droplet

H spray total enthalpy of the atomized spray at any (kJ)

specific location

H spray.deposition enthalpy of the spray at deposition (KJ)

specific location
H spray,SiC Enthalpy of the spray in the (KJ)

presence of SiCp

Jgas gas flow rate (kg/sec)

Jmelt metal flow rate (kg/sec)
k d coefficient in powder size correlation (--)

K constant (--)

Ka thermal conductivity of the atomizing gas (W/mK)

KIC plain strain fracture toughness (MPa.m1/2 )

KL thermal conductivity of the liquid (W/mK)
K kinetic growth coefficient (m/sec K)
KPL thermal conductivity of the particulate (W/mK)

KSiC thermal conductivity of the SiCp (W/mK)

I planar center to center spacing between the (m)

dispersoid

I length of SiCp (m)

La length of interface between droplet and (m)

particulate as measured perpendicular to the

droplet surface

Lsic characteristic length of SiCp (m)
m(di) mass of a single droplet (kg)

rdeposit mass of deposit (kg)

mdroplet, i mass of droplet of diameter di (kg)
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mdroplets total mass of droplets (kg)

Mmetal mass of metal (kg)
msic average mass of SiCp (kg)

n constant (--)

n(di) number of droplets of diameter di (--)

ns number of SiCp in intimate (--)

contact with matrix droplet

nSiC number of SiCp (--)

N total number of droplets (--)
NRe Reynolds number = 2 r d Pg v g / g)

q r overall rate of conductive heat transfer (KJ/sec)

Q (sic, flight) percentage thermal energy (KJ)
dissipated during flight

Q (di)(sic, flight) total amount of thermal energy (KJ)

lost by atomized droplets to the SiCp

Q Total(sic, flight) total amount of thermal energy (KJ)

transferred during flight

Q sic thermal energy required to bring SiCp (KJ)
to the deposit temperature

dQ/dt radiation loss from the droplet surface (KJ)

r radius of the particulate (M)

r d droplet radius (M)

R growth rate (cm/sec)

ReDmrt Reynold's number for minimum fluidization (--)
Rb depth of penetration of electron beam (Pm)

R' gas constant (kJ/mol. K)

s distance travelled (M)

t annealing time (sec)
t(di) time taken by a droplet of diameter di (sec)

from injection point to deposition point

tp thickness of particulate (M)

TI temperature of the surroundings (K)

T2 temperature of the droplet (K)

T temperature (K)
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Td deposit temperature = H spray,SiC (K)

m droplets CP

TL liquidus temperature (K)

TS solidus temperature (K)

To temperature of gas (K)

AT temperature differential with respect to (K)

ambient temperature

AT* undercooling (K)

u(di) velocity of droplet at the SiCp injection point (m/sec)

U overall heat transfer coefficient between (J/sec m2 K)

Al and SiCp

v d droplet velocity (m/sec)

v g gas velocity (m/sec)

V average operating gas velocity inside the (m/sec)

fluidization chamber

V(di) volume of droplet of diameter di (m3)

V cr critical velocity for entrapment (m/sec)

V f Volume fraction of particulates (--)

V d droplet volume (i 3 )

V ge velocity of the gas at nozzle exit (m/sec)

V t terminal velocity of the particulates (m/sec)

V SiC velocity of the SiCp (m/sec)

w void fraction (--)

wt.% Tideposit maximum anticipated wt.% Ti in (--)

solution
% Ti d 6 maximum anticipated wt.% Ti in solution (--)

in a d16 droplet
% Ti d5o0 maximum anticipated wt.% Ti in solution (--)

in a d50 droplet
% Ti d. 4 maximum anticipated wt.% Ti in solution (--)

in a dg4 droplet

W theoretical mass flow rate of the gas (kg/sec)

Wad work of adhesion (J/m2)

Wsic theoretical mass flow rate of SiCp (kg/sec)

0 constant (--)
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8 length of an interface step (m)

Y1g liquid gas interfacial energy (Jim 2)

X interparticle spacing (m)
ag standard deviation in powder size distribution (--)
t m melt surface tension (kg/sec2)

0ps surface free energy between particulate (N/m)

and solid
0 PL surface free energy between particulate (N/m)

and liquid
0 SL surface free energy between solid (N/m)

and liquid
Gy yield strength (MPa)

A O difference in surface tension (N/m)

p density of the material (g/cm 3)

P(di) density of the droplet of diameter di (kg/m 3)

Pa density of absorbing media (g/cm 3)

Pa density of carrier fluid (kg/m 3)

Pd droplet density (kg/m 3)

Pg gas density (kg/m 3)

PL liquid density (kg/m 3)

Pm meit density (kg/m3)

PPL density of the particulates (kg/m3)

Ps density of solid particulates (kg/m 3)

1l viscosity of the carrier fluid (m2/sec)

119 kinematic viscosity of gas (m2/sec)
Tim kinemauc viscosity of melt (m2/sec)

tin matrix flow stress (MPa)
A g gas viscosity (kg/m sec)

gi m melt viscosity (kg/m sec)
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